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A B S T R A C T

When using tool steels with martensitic microstructure, the hardness is regarded as one of the main criteria 
defining its wear properties. The premise is that the harder the material, the greater the sliding wear resistance. 
This is especially common when using tool steels, as the highest possible hardness is pursued, but the influence of 
the microstructure is often neglected. Presence of different carbides in terms of fraction, type and size 
(morphology) in martensitic matrix has different effects on wear, especially if matrix hardness changes. The 
objective of this study was to establish a correlation between the fraction and morphology of V and Cr-rich 
carbides in tool steel with its microstructure, fracture toughness, and overall influence on material sliding 
wear resistance. To achieve this, commercially available tool steels (Mat. No. 1.2379 cold work tool steel and 
modified Mat. No. 1.2367 hot work tool steel) were selected, exhibiting notably diverse microstructures, 
particularly in terms of carbide fraction and morphology. To enable a direct comparison, both steels underwent 
heat treatment to attain three distinct hardness levels: 45 + /-1 HRC, 49 + /-1 HRC, and 54 + /-1 HRC. Sliding 
wear resistance and behavior under various contact conditions were correlated with microstructure, specifically 
focusing on hard carbides. Additionally, the study examined the effect of wear particles being trapped within or 
removed from the tribological contact. It was observed that the sliding wear behavior is significantly influenced 
when the microstructure comprises a martensitic matrix with a higher fraction of carbides, particularly coarse 
eutectic M7C3 carbides, especially if the matrix hardness is insufficient. Matrix hardness plays a crucial role in 
preventing carbide detachment from the matrix. Plastic deformation of the tempered martensite matrix, along 
with carbide cracking and detachment from the matrix, was identified as contributing factors intensifying wear 
during the wear process.

1. Introduction

Tool steels are important for manufacturing cutting tools, molds, and 
dies because their high hardness, wear resistance, and thermal stability 
ensure precision, durability, and reliable performance under demanding 
operational conditions. Although tools’ performance is determined by 
their microstructure and mechanical properties, the wear resistance of 
tool steels has traditionally been linked primarily to their hardness. It is 
widely accepted that higher hardness generally corresponds to improved 
wear resistance. It has also been shown that, for steels, pearlite and 
bainite do not exhibit such good wear resistance as a harder martensitic 
microstructure with carbides [1]. Additionally, a greater influence on 
abrasive wear comes from the hardness of the martensite than its volume 
fraction [2,3]. However, this approach overlooks the significant role 

played by microstructural features such as the type, size, morphology, 
and distribution of carbides within the tool steel matrix.

Microstructure and fraction of wear resistant carbides in steels is 
determined by processing history, heat treatment and especially by 
composition and alloying elements. In general, cold work tool steels are 
high carbon steels combined with high chromium content. They have 
high carbides fraction, possess an excellent wear resistance and non- 
deforming properties [4,5]. In one of the most widely used cold work 
tool steels, 1.2379 (AISI D2) only one type of solidification derived 
carbides formed during solidification M7C3 rich in chromium is present, 
at the same time showing great dependence of fracture toughness on the 
carbides orientation [6]. On the other hand, the typical carbon content 
in hot-work tool steels is relatively low (0.30–0.40 wt% C), resulting in 
significantly lower carbides fraction [5] and resistance to plastic 
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deformation, but still high wear resistance. This clearly shows that wear 
resistance of tool steels is not only hardness dependent.

Research in the field of microstructure effect and correlations to wear 
resistance of tool steels is quite extensively covered, comprising 
different approaches to the problem [7–16]. For example, study by 
Badisch and Mitterer [7] focused on the correlation between the hard
ness of the abrasive particles, volume fraction of primary carbides and 
abrasive wear resistance of high-speed steels. Study showed that the 
hardness of the abrasive material in relation to primary carbides plays 
an important role in terms of wear resistance. If the abrasive particles 
are harder than the primary carbides, properties of the matrix like 
hardness and ductility play a dominant role [8]. Research performed by 
Singh et al. [11], on the other hand indicated that by increasing 
tempering temperature during multiple tempering of 1.2379 cold work 
tool steel, coarsening of the carbides occurs, resulting in lower abrasive 
wear resistance of the material. The highest abrasive wear resistance 
observed for as-quenched steel was not attributed solely to higher 
hardness but mainly to martensitic microstructure with finer carbides. 
Research on dry sliding wear resistance of 1.2344 hot work tool steel 
(AISI H13) performed by Wei et al. [1] revealed difference in wear 
resistance depending on the contact conditions and tempering temper
ature. At low loads as-quenched samples and samples tempered at lower 
temperatures showed higher wear resistance, while at high loads 
tempering at 600◦C provided the highest wear resistance [17].

The work by Leskovšek et al. [18] also exposed the importance of 
fracture toughness on the performance of tool steels, including wear 
resistance. It was shown that by designing combined hardness-fracture 
toughness tempering diagrams the best properties of tool steel for a 
given application can be obtained.

Although prior studies have emphasized that carbide’s characteris
tics, alongside matrix hardness, substantially influence wear behavior of 
tool steels [19,20], gaps in terms of effect of carbide type and 
morphology as well as level of fracture toughness remain that necessi
tate further research and clarifications. Understanding the effect of 
carbides on the wear resistance will facilitate further design and maxi
mizing potential of tool steels without necessarily focusing on high 
martensitic matrix hardness. It is of great interest to tribologically 
evaluate conventional tool steels to its full potential, as more exclusive 
materials are much more expensive and presents greater costs [9].

The objective of this study is to correlate the volume fraction and 
morphology of V- and Cr-rich carbides with the microstructure, fracture 
toughness, and abrasion resistance of two commercially available tool 
steels: Mat. No. 1.2379 (AISI D2) and a modified hot work tool steel Mat. 
No. 1.2367 (AISI H11 mod.). Furthermore, work is aimed at providing 
guidelines for obtaining best suited microstructure for a given tribo
logical contact and contact conditions. Both materials were subjected to 
controlled heat treatments to produce three hardness levels: ~45 ± 1 
HRC, ~49 ± 1 HRC, and ~54 ± 1 HRC. This approach isolates the effect 
of matrix hardness from carbide influence, facilitating a direct assess
ment of wear mechanisms under varying contact conditions.

2. Material and methods

2.1. Material

In our study two commercially available chromium type tool steels 
were used, one belonging to hot work tool steel group - modified Mat. 
No. 1.2367 with reduced Mo content and added Ni (modified AISI H11), 
denoted A and other to the cold work tool steel - Mat. No. 1.2379 (AISI 
D2) – denoted B. Both were delivered in a shape of hot forged and soft 
annealed plates, from which different specimens were machined. Hot 
work tool steel A is primarily used for tools used in the process of 
extrusion, forging and die casting of light metals and alloys, having good 
toughness, high working hardness and improved thermal conductivity. 
Cold work tool steel B is an excellent air hardening, high wear resistant 
tool steel. It is highly stable ledeburitic steel, with an option of 

tempering on secondary hardening peak [21]. Table 1 lists chemical 
composition of the steels used in this investigation.

2.2. Heat treatment

Heat treatment of the investigated tool steel specimens was con
ducted in IPSEN VTTC-324R horizontal vacuum furnace with high 
pressure gas quenching in nitrogen. The heat treatment parameters were 
chosen in such a way that three comparable hardness levels were ob
tained for both steels; level 1–54 ± 1 HRC, level 2–49 ± 1 HRC and level 
3–45 ± 1 HRC. Each set of specimens was first austenitized for 20 min 
and quenched, followed by double 2 h tempering. After two stage pre
heating (650 ◦C and 850 ◦C) hot work tool steel specimens (A) were 
heated (@12 ◦C/min) to the final austenitizing temperature of 1030◦C, 
soaked for 20 min and quenched in nitrogen gas at a quenching speed of 
3 ◦C/s. The tempering sequence for hot work tool steel specimens con
sisted of first tempering cycle performed at 500 ◦C and subsequent 
tempering at 510 ◦C (level 1 hardness – A-1), 550 ◦C (level 2 hardness – 
A-2) and 615◦C (level 3 hardness – A-3). For cold work tool steel spec
imens (B) final austenitizing temperature was 1020 ◦C, quenching speed 
7.5 ◦C/s and the following double tempering sequences applied: 553 ◦C 
and 555 ◦C (level 1 hardness – B-1), 570 ◦C and 580 ◦C (level 2 hardness - 
B-2), and 590 ◦C and 600 ◦C (level 3 hardness - B-3). Table 2 summaries 
heat treatments performed and targeted hardness levels.

2.3. Hardness and fracture toughness

The hardness of the investigated samples was measured using the 
Rockwell-C method on a Rockwell 4JR (Instron B2000) hardness testing 
machine in accordance with the ISO 6508–1 standard. For each spec
imen, a minimum of three indentations were performed, and the average 
hardness value was calculated.

The matrix hardness of all tool steel specimens was determined ac
cording to the SIST EN ISO 6507–1 standard using an Instron Tukon 
2100B Vickers microhardness tester with a test load of 5 N (HV0.05). On 
the other hand, instrumented nano-indentation testing was also 
employed to generate the hardness distribution maps across the micro
structure. Nano-indentation was conducted using an Anton Paar NHT3 
nanoindentation device, operating in the Quick Matrix indentation 
mode, with a 30 × 30 indentation matrix and a total of 900 individual 
measurements per specimen. The minimum spacing between indents 
was 4 µm, and the maximum applied load was 10.00 mN.

Fracture toughness testing was performed using circumferentially 
notched and fatigue pre-cracked tensile bar specimens, following the 
methodology proposed by Leskovšek et al. [22], which includes fatigue 
pre-cracking prior heat treatment, tensile loading until fracture and 
measurement of brittle fractured area. Tensile loading until fracture was 
conducted on an INSTRON 1255 universal testing machine with a 
crosshead speed of 1.0 mm/min. The nominal specimen diameter (D) 
was 10 mm, length (L) 100 mm, and precise axial alignment of the 
tensile load was ensured. Load-displacement data were continuously 
recorded during testing and load at fracture (P) identified. Following 
fracture, the diameter of the brittle fractured area (d) was measured, and 
the fracture toughness (KIc) was subsequently calculated using the Eq. 
(1): 

KIc =
P

D3/2 •

(

− 1.27+1.72 •
D
d

)

(1) 

A minimum of four test specimens were evaluated, and the average 
fracture toughness value was calculated.

2.4. Microstructure characterization

Specimens were metallographically prepared using standard pro
cedures for tool steels, including sequential grinding and final polishing 

M. Sedlaček et al.                                                                                                                                                                                                                               Tribology International 220 (2026) 111956 

2 



with diamond paste. Microstructural features were revealed using a 
Nital etchant (5 mL HNO₃, 95 mL ethanol). The microstructure was first 
examined with an optical microscope (Nikon Microphot FXA) equipped 
with a Hitachi HV-C20A 3CCD video camera and image analysis soft
ware. Detailed microstructural investigation was conducted using a 
JEOL JSM-6500F field-emission scanning electron microscope (FE-SEM) 
and a ZEISS Crossbeam 550 FIB-SEM Gemini II. SEM imaging was per
formed in secondary electron imaging (SEI) mode with an accelerating 
voltage of 15 kV.

To quantify the size, distribution, and volume fraction of the most 
abundant surface carbides (critical for wear resistance), feature counting 
analysis was performed using INCA software. Measurements were con
ducted at various magnifications (500 ×, 2500 ×, 4000 × for Cr-rich 
carbides and 500 ×, 5000 × and 10000 × for V-rich carbides) depend
ing on carbide size, on 10 randomly selected areas. The analysis was 
based on contrast differences between the matrix and carbides in back- 
scattered electron (BSE) mode on polished specimens, as described in 
reference [23]. Vanadium-rich MC-type carbides appeared dark to 
black, while chromium-rich carbides, such as M₇C₃ and M₂₃C₆, exhibited 
a darker grey contrast and were primarily identified based on their size. 
Carbides were classified as follows: Solidification derived carbides 
(SDC): > 5 µm; Secondary carbides (SC): < 5 µm; Large secondary car
bides (LSC): 1–5 µm; and Small secondary carbides (SSC): 0.1–1 µm. 
During automatic feature analysis, energy-dispersive X-ray spectroscopy 
(EDS) was simultaneously conducted for each detected particle to 
confirm its chemical composition (chromium-rich or vanadium-rich). To 
ensure statistical reliability and cover the full-size range of carbides, 
feature analysis of carbides was performed at different magnifications: 
500 × , 2500 × , and 4000 × for Cr-rich carbides, and 10,000 × for 
V-rich carbides. This classification and methodology have been estab
lished and applied in previous studies [10,13].

Electron backscatter diffraction (EBSD) analysis was performed to 
investigate the crystallographic features of the microstructure and to 
further characterize carbide types within the martensitic matrix. The 
presence of retained austenite in heat-treated specimens was assessed 
using X-ray diffraction (XRD) with a PANalytical X’PERT 3040 diffrac
tometer equipped with a rotating Cu anode (Cu-Kα: λ₁ = 1.54059 Å, λ₂ =
1.54441 Å). XRD measurements were performed at 40 kV and 45 mA, 
over a 2θ range of 20◦–90◦, with a step size of 0.02◦ s⁻¹ using a linear 
detector. Bulk specimens were metallographically prepared prior to 
measurement and mounted with the polished surface oriented perpen
dicular to the incident X-ray beam. During data acquisition, the speci
mens were continuously rotated in-plane to enhance statistical 
averaging of grain orientations.

2.5. Tribological testing

To evaluate the influence of carbide fraction, size, and type on the 
sliding wear resistance of selected tool steels, reciprocating dry sliding 
tests were performed using a ball-on-flat contact configuration. All tests 
were conducted on polished disc specimens under dry sliding conditions 
at ambient temperature. A surface roughness ofRa = 0.07 µm was ach
ieved through final polishing with diamond paste.

A 20 mm diameter ceramic Al₂O₃ ball (hardness: HV ~1700) was 
used as oscillating counter-body to impose dry reciprocating sliding 
conditions with a high hardness mismatch. These conditions are known 
to promote sliding wear with contributions from abrasive, adhesive, 
fatigue-related (delamination), and tribochemical/oxidative processes. 
However, some material transfer from the tool steel disc to the ceramic 
ball (adhesive wear) was also observed. The wear of the ceramic 
counter-body was not the focus of this study and was therefore not 
evaluated.

Two nominal loads of 30 N and 102 N were used in this investiga
tion, corresponding to the nominal Hertzian contact pressure of 1.0 GPa 
and 1.6 GPa, respectively. The sliding distance was limited to 100 m. A 
reciprocating frequency of 15 Hz was applied, resulting in an average 
sliding speed of 0.12 m/s.

To assess the role of carbides and to analyze their influence as third- 
body wear particles during reciprocating sliding, an in-situ particle 
removal through a continuous air-blowing method was employed. As 
illustrated in Fig. 1a, the air nozzle was positioned near the contact zone 
to immediately remove any generated wear particles. Dehumidified 
compressed air was applied throughout the test to minimize the accu
mulation of wear particles. Fig. 1b demonstrates the successful removal 
of wear particles from the wear track after the test. For these tests, the 
lower load condition (1.0 GPa) was applied to minimize the potential 
interference of third-body effects. Specimens of the level 1 hardness 
group (54 ± 1 HRC) were used in order to reduce particle indentation 
and facilitate efficient removal of wear particles from the contact zone, 
thereby limiting third-body abrasion and promoting a micro-cut
ting–dominated wear regime.

Furthermore, specimens of the level 3 hardness group (45 ± 1 HRC) 
were further subjected to prolonged unidirectional sliding tests, using 
the same contact configuration, nominal contact pressure of 1.0 GPa and 
sliding speed of 0.12 m/s, but prolonging sliding distance to 200 m to 
allow full evolvement of the wear track including large and small car
bides. Tests were aimed at identifying the effect of carbides on wear 
mechanism and damage evolution. The lowest hardness group speci
mens were selected to clearly observe and capture the most extensive 
microstructural damage induced by wear. By focusing on the softest 
material condition, the extent of deformation and wear-related changes 
was maximized, providing valuable insight into the wear mechanisms at 

Table 1 
Chemical composition of the used steels (in mass %).

Chemical content (in mass %) C Si Mn Cr Ni Mo V Fe

Steel Named

Mat. No. 1.2367 mod. A 0.36 0.3 0.5 4.9 1.51 1.94 0.66 Rest
Mat. No. 1.2379 B 1.41 0.35 0.2 11.1 - 0.76 0.85 Rest

Table 2 
Heat treatments and targeted hardness levels for the investigated steels.

Sample Type Material Austenitization Quenching Speed Tempering Sequence Target Hardness

A-1 Hot Work Tool Steel (mod. 1.2367) 1030◦C/20 min 3 ◦C/s 500◦C/2 h + 510◦C/2 h 54 ± 1 HRC
A-2 1030◦C/20 min 3 ◦C/s 500◦C/2 h + 550◦C/2 h 49 ± 1 HRC
A-3 1030◦C/20 min 3 ◦C/s 500◦C/2 h + 615◦C/2 h 45 ± 1 HRC
B-1 Cold Work Tool Steel (1.2379) 1020◦C/20 min 7.5 ◦C/s 553◦C/2 h + 555◦C/2 h 54 ± 1 HRC
B-2 1020◦C/20 min 7.5 ◦C/s 570◦C/2 h + 580◦C/2 h 49 ± 1 HRC
B-3 1020◦C/20 min 7.5 ◦C/s 590◦C/2 h + 600◦C/2 h 45 ± 1 HRC
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their most critical stage.
During wear testing, the coefficient of friction was continuously 

recorded and both steady state and average coefficient of friction 
calculated. After the completion of the test wear volume was measured 
using a 3D optical microscope (Alicona Infinite Focus G4). Wear resis
tance was quantified in terms of wear coefficient kW [mm3/Nm], 
commonly calculated according to Eq. (2), where ΔV is the wear volume 
[mm3], F is the normal load [N] and s is the sliding distance [m]. To 
ensure repeatability, a minimum of three test repetitions were per
formed for each contact condition. 

kW =
ΔV
F • s

(2) 

3. Results and discussion

3.1. Microstructure

The microstructure of the two investigated tool steels quenched and 
tempered to three different hardness levels exhibited the presence of 
various carbide types within a tempered martensitic matrix (Fig. 2). 
Carbide type and morphology in this investigation was primarily 
determined by steel chemical composition, with the same carbides being 

present within each steel grade, regardless of the heat treatment con
ditions and final hardness achieved after tempering. Therefore, only 
results from the level 2 hardness group (49 ± 1 HRC) will be presented 
and discussed in detail in this section.

The microstructure of the modified hot work tool steel A after 
quenching and tempering consists of a tempered martensitic matrix with 
a distribution of small undissolved carbides, as shown in Fig. 2a. 
Detailed microstructural analysis of material A revealed exclusively 
vanadium-rich MC-type carbides, clearly visible in BSE images at higher 
magnification (Fig. 2b) and further confirmed by EBSD analysis 
(Fig. 3c). EDS spectroscopy confirmed that carbides in tool steel A are 
vanadium-enriched, with moderate contents of molybdenum and chro
mium. Additionally, nitrogen was occasionally detected within these 
carbides, indicating the presence of vanadium-rich carbo-nitrides, being 
well in agreement with previous studies [23,24].

As illustrated in Fig. 2a-c, large solidification derived chromium-rich 
carbides (solidification-derived carbides) were not observed in tool steel 
A. This can be attributed to its low carbon content—more than 50% 
lower than for typical cold work tool steels—insufficient to promote the 
formation of massive solidification derived carbides.

The microstructure of cold work tool steel B is shown in Fig. 2d-f, 
revealing a high density of large solidification derived carbides along
side significant amounts of smaller secondary carbides (Fig. 2f). The 

Fig. 1. a) Reciprocating sliding test rig with nozzle for air blowing method, b) indication of wear scar with removed wear particles.

Fig. 2. Microstructure of quenched and tempered A-2 and B-2 tool steel specimens (hardness group 2; a, b, c A-2 & d, e, f B-2) showing martensite microstructure; a, 
d) optical micrograph of etched microstructure, b, e) BSE micrograph at 2.000 × magnification and c, f) SEI micrograph of etched microstructure at 
5.000 × magnification.
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solidification derived carbides formed during solidification, confirmed 
by EBSD to be chromium-rich M₇C₃ with hexagonal structure (Fig. 3a), 
dominate the microstructure. High contents of carbon, chromium, and 
molybdenum in this steel promote the formation of massive solidifica
tion derived carbides during solidification, which remain undissolved 
even at high austenitizing temperatures [25] and are known to signifi
cantly enhance wear resistance of steels [26]. The distribution and size 
of these solidification derived carbides remain stable throughout the 
hardening process, with their volume fraction and size in 1.2379 cold 
work tool steels typically ranging from 7 to 15% [13] and 15–20 µm 
[26], respectively.

In the present study, tempering was performed at higher tempera
tures than typically recommended for 1.2379 steel grade, in order to 
achieve hardness levels comparable to the hot work tool steel. Higher 
tempering temperatures promoted the precipitation and coarsening of 
fine secondary carbides [14,27]. EBSD analysis confirmed that the sec
ondary carbides are predominantly M₂₃C₆ with cubic crystal structure 
(Fig. 3b). Although smaller than the coarse M₇C₃ carbides formed during 
solidification, the secondary carbides are more uniformly distributed 
throughout the martensitic matrix. Elevated tempering temperatures 
also increased the iron content within both solidification derived and 
secondary carbides. Chromium carbide precipitation predominantly 
occurs at lower and intermediate tempering temperatures, while the 
precipitation of iron-rich carbides at higher tempering temperatures 
indicates the decomposition of martensite into ferrite and the formation 
of orthorhombic cementite (Fe₃C) [28]. Due to limitations in EBSD 
resolution, the crystallographic pattern of this phase could not be reli
ably detected.

Another important microstructural feature in high-alloy tool steels is 
retained austenite [14]. However, in the current study, austenitizing was 
performed at lower recommended temperatures, followed by immediate 
double tempering at temperatures above 500 ◦C. Consequently, the 
retained austenite fraction was substantially reduced, being below 1.5% 
for all the tempered specimens, as confirmed by XRD measurements.

3.2. Fraction and distribution of carbides

Results for the carbides volume fraction analysis of the investigated 
tool steels are summarized in Table 3. Cold work tool steel B shows 
considerably higher overall carbide fraction than hot work tool steel A, 
summing up at about 12% of total carbide content within the steel 
matrix. Notably, the fraction of solidification derived carbides (SDC) in 
tool steel B reached ~6%, which is consistent with values reported in 
previous studies [10]. Secondary carbides (SC) fractions, both large 
secondary carbides (LSC) and small secondary carbides (SSC), also align 
with reported values for this type of steel [10,13]. The minor variations 
observed in carbides fractions across specimens can be attributed to 
variations in chemical composition. Additionally, an increase in 
tempering temperature resulted in a slight increase in secondary carbide 
fractions, with LSC increasing from 2.7% to 3.0% and SSC increasing 
from 2.9% to 3.6% (Table 3).

In contrast, hot work tool steel A exhibited a significantly lower 
overall carbide fraction, ranging from 0.41% to 0.45%. Primarily, only 
V-rich carbides were detected using the applied characterization tech
niques. These carbides correspond to the proeutectoid phase, whose 
fraction is mainly influenced by the austenitization temperature, which 
was identical for all hardness levels in this study. Although other 
chromium-based carbides, such as M₇C₃ and M₂₃C₆, are expected to be 
present in this type of tool steel [29–31], their size is typically below 0.5 
μm [23], and thus their detection limited under the imaging and mea
surement conditions applied in this investigation.

Table 4 presents the mean diameter of the carbides identified in the 
investigated tool steels. The largest carbides were the solidification 
derived carbides (SDC) in tool steel B, with an average mean diameter of 
9.7 ± 4.8 µm. Among the secondary carbides, large secondary carbides 
(LSC) had a mean diameter of approximately 2 µm, while small sec
ondary carbides (SSC) exhibited an average mean diameter of about 
0.6 µm across all specimens. For the V-rich proeutectoid carbides in tool 
steel A, the mean diameter was 0.2 µm, regardless of the tempering 
temperature applied.

The mean free path between carbides was also quantified and is re
ported in Table 5. In the hot work tool steel A, the V-rich carbides 

Fig. 3. SEM/EBSD characterization of carbides in quenched and tempered tool steels; a) EBSD pattern of Cr- rich carbides of M7C3 type, b) EBSD pattern of Cr- rich 
carbides of M23C6 type and c) EBSD pattern of V- rich carbides of MC type present in the tempered martensite matrix.

Table 3 
Fraction of detected Cr- and V- rich carbides in the investigated tool steel 
specimens based on INCA Feature analysis.

Specimen Cr-rich C [%] V-rich C [%] Total 
[%]

SDC LSC SSC

A-1 / 0.41 + /- 
0.09

0.41

A-2 0.42 + /- 
0.12

0.42

A-3 0.45 + /- 
0.06

0.45

B-1 6.04 
+ /-0.20

2.74 + /- 
0.31

2.91 + /-0.36 ​ 11.69

B-2 3.02 + /- 
0.87

3.34 + /-0.47 12.41

B-3 3.05 + /- 
0.40

3.58 + /-0.55 12.67

SDC- solidification derived carbides; LSC- large secondary carbides; SSC- small 
secondary carbides

Table 4 
Average carbide diameter.

Average carbide diameter [µm] of V-rich carbides in tool steel A
0.199 + /- 0.096
Average carbide diameter [µm] of Cr-rich carbides in tool steel B
SDC LSC SSC
9.697 + /- 4.844 1.917 + /- 0.866 0.604 + /- 0.174

SDC- solidification derived carbides; LSC- large secondary carbides; SSC- small 
secondary carbides
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exhibited a mean free path of 0.092 ± 0.049 µm, indicating a very fine 
dispersion within the martensitic matrix. In contrast, the distribution of 
solidification derived carbides in the cold work tool steel B showed 
significantly larger mean free path, averaging at 5.122 ± 2.665 µm. 
Secondary carbides in tool steel B were more uniformly distributed, with 
the LSC mean free path measured at 0.366 ± 0.199 µm, and an even 
smaller spacing observed for SSC.

3.3. Hardness distribution

The hardness of the matrix phase in all investigated specimens was 
evaluated using the Vickers microhardness method. The results are 
presented in Table 6. A low indentation load of 5 g was selected to 
ensure that the measurements targeted only the matrix phase containing 
small secondary carbides, while avoiding the influence of coarse solid
ification derived carbides—particularly in tool steel B. As shown in 
Table 6, across all bulk hardness levels, tool steel A consistently exhibits 
higher matrix hardness values. Specifically, the matrix hardness reached 
up to 650 HV0.05 for specimen A-1, approximately 570 HV0.05 for 
specimen A-2, and around 500 HV0.05 for specimen A-3. In comparison, 
the matrix hardness values of tool steel B were 3–4% lower, as shown in 
Table 6.

The difference between Vickers and Rockwell hardness can be 
explained by considering the microstructural contributions to the bulk 
hardness. When bulk hardness is measured using the Rockwell-C 
method, the hardness readings are influenced by the presence of 
coarse solidification derived carbides, which possess significantly higher 
hardness than the surrounding matrix. As discussed earlier, the mean 
free path between these solidification derived carbides in tool steel B is 
approx. 5 µm, while the typical Rockwell-C indentation is substantially 
larger than that, thus encompassing both the matrix and the carbide 
phases. In this context also Vickers-to-Rockwell hardness conversions 
are not entirely reliable. Under low loads the converted HRC values tend 
to overestimate the actual Rockwell hardness [10]. Nevertheless, within 
each specimen group, the matrix hardness values were in general 
consistent and remained within the standard deviation, indicating good 
repeatability and measurement reliability.

The results of the nanoindentation tests performed on A-2 and B-2 
specimens (bulk hardness of 49 ± 1 HRC) to assess the spatial hardness 
distribution across the microstructure are presented in Fig. 4. In the case 
of the hot work tool steel A, nanoindentation was targeted exclusively at 
the tempered martensite matrix. Figs. 4a and 4b show the location of the 
nanoindentation mapping for specimen A-2. while the corresponding 
hardness distribution map (Fig. 4c) reveals a uniform hardness profile 
across the entire analyzed area, with no pronounced local hardness 
variations. The average hardness across the mapped area was 
5.8 × 10 ³ MPa, corresponding to ~530 HV and 49 HRC, in good 
agreement with the bulk hardness measurement (Table 7).

In contrast, the cold work tool steel B (B-2), which contains a high 

volume fraction and high density of large, solidification derived Cr-rich 
carbides, exhibited a distinctly non-uniform hardness distribution. 
Figs. 4d and 4e show the location of the nanoindentation mapping for 
specimen B-2, while the hardness distribution map in Fig. 4f indicates 
hardness values ranging from approximately 5.4 × 10 ³ MPa in the 
martensitic matrix to 18.1 × 103 MPa for the primary Cr-rich M7C3 
carbides. The hardness of these massive solidification derived carbides 
typically ranged between 1.6 × 10⁴ and 1.9 × 10⁴ MPa (represented by 
the orange-red regions in Fig. 4f). The majority of the blue regions 
represent the matrix phase, with some hardness deviations due to sec
ondary carbides or indents made near or at the carbide-matrix interface. 
Despite the pronounced local hardness heterogeneity, the average 
nanoindentation hardness of specimen B-2 remains consistent with the 
bulk hardness value of 49 HRC (Table 7).

3.4. Fracture toughness

In general, fracture toughness decreases with increased hardness. 
The same trend was observed within this investigation. However, for all 
the investigated hardness levels hot work tool steel A exhibited signifi
cantly higher fracture toughness (60 – 105%) as compared to cold work 
tool steel B. For the highest hardness level of 54 ± 1 HRC hot work tool 
steel (A-1) exhibited a fracture toughness of 39 MPa⋅m¹ ᐟ², while cold 
work tool steel (B-1) achieved only 24 MPa⋅m¹ ᐟ². At the intermediate 
hardness level of 49 ± 1 HRC, the hot work tool steel (A-2) reached a 
fracture toughness of about 70 MPa⋅m¹ ᐟ², and the cold work tool steel 
(B-2) roughly half of the A-2, about 34 MPa⋅m¹ ᐟ². As expected, the 
highest fracture toughness values were recorded in the lowest hardness 
group (45 ± 1 HRC). Here, the hot work tool steel (A-3) reached a 
fracture toughness of nearly 81 MPa⋅m¹ ᐟ², while the corresponding cold 
work tool steel (B-3) exhibited a value of 39 MPa⋅m¹ ᐟ².

The significantly lower fracture toughness values of the investigated 
cold work tool steel (1.2379 type) are largely attributed to its high 
volume fraction of coarse eutectic M7C3 carbides, which are inherently 
prone to cracking and contribute to the material's susceptibility to 
fracture initiation and propagation [26]. In contrast, such coarse car
bides are absent in the investigated hot work tool steel (1.2367 type), 
which results in its superior fracture toughness [18].

3.5. Sliding wear resistance

3.5.1. Sliding wear resistance at high load (1.6 GPa)
The results of high-stress reciprocating sliding wear tests in the form 

of wear coefficient are presented in Fig. 6. In Fig. 6a for high-load and in 
Fig. 6b for low-load conditions. At high applied load of 102 N (1.6 GPa), 
cold work tool steel (B) for all three hardness levels consistently dem
onstrates lower sliding wear resistance against much harder Al2O3 
counter-ball than hot work tool steel (A), as shown in Fig. 6a. It also 
displays higher coefficient of friction, especially for high hardness level, 
as shown in Fig. 7. Although hot work tool steel is virtually free of large 
solidification derived (M₇C₃) and secondary Cr-carbides (M₂₃C₆), present 
in high density in cold work tool steel, it displays more uniform 
microstructure with significantly higher fracture toughness at the same 
hardness levels. Its wear coefficient for high and medium hardness level 
(A-1, A-2) and high-load contact conditions is at about 0.6 × 10⁻5 

mm³ ⋅N⁻¹ ⋅m⁻¹ ). However, as the hardness decreased to 45 HRC, the 
wear coefficient of hot work tool steel (A-3) increased, reaching its 
highest value of 1.0 × 10⁻⁵ mm³ ⋅N⁻¹ ⋅m⁻¹ ). This increase in wear at low 
hardness for large-carbides-free microstructure of hot work tool steel 
can be attributed to the onset of more significant plastic deformation due 
to the high applied load, compromising the material’s resistance to 
sliding wear despite its higher fracture toughness. For cold work tool 
steel, the wear coefficient steadily increases with decreasing hardness 
(from 0.7.4 × 10⁻5 mm³⋅N⁻¹⋅m⁻¹ at 54 HRC (B-1) to 1.30 × 10⁻⁵ 
mm³ ⋅N⁻¹ ⋅m⁻¹ at 45 HRC (B-3)), showing up to 90% lower wear resis
tance than hot work tool steel, especially at intermediate hardness level 

Table 5 
Mean free path of carbides in martensite matrix.

Mean free path [µm] of V-rich carbides in tool steel A
0.092 + /- 0.0489
Mean free path [µm] of Cr-rich carbides in tool steel B
SDC LSC
5.122 + /- 2.665 0.366 + /- 0.199

SDC- SDC- solidification derived carbides; SSC- small secondary carbides

Table 6 
Matrix microhardness for the investigated tool steels at different hardness levels.

Matrix hardness

Specimen A-1 A-2 A-3 B-1 B-2 B-3
HV0.05 647 

± 17
572 
± 5

496 
± 12

624 
± 9

549 
± 5

480 
± 11
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(B-2 vs. A-2).
Fig. 7 presents the initial stage of sliding, where it can be seen that 

steel B (Fig. 7a)—with the highest fraction and density of large eutectic 
M₇C₃ carbides—exhibits a markedly lower initial coefficient of friction 
(COF) as steel A (Fig. 7b) which is without large carbides. This can be 

attributed to the fact that hard carbide particles possess a lower local 
friction coefficient than the martensitic matrix and reduce the effective 
real contact area [19,32]. On the other hand steel A, which is dominated 
by the metallic matrix and contains only fine MC carbides, shows 
significantly higher initial friction due to a larger matrix–counterbody 
contact area and a greater tendency for early adhesion. As sliding pro
gresses, surface evolution, plastic deformation, material transfer and 
tribofilm formation diminish these initial differences, leading both ma
terials to converge toward a similar steady-state friction level.

The results of the average coefficient of friction during reciprocating 
sliding wear tests are presented in Fig. 8. In Fig. 8a for high-load and in 
Fig. 8b for low-load conditions. COF during reciprocating dry siding 
tests at the higher load was consistently lower for material A, ranging 
from 0.48 to 0.50, compared to material B, where COF values ranged 
from 0.50 to 0.55 (Fig. 8a). This lower COF for material A is likely 
related to its more uniform and ductile matrix, allowing for smoother 
sliding with less resistance.

3.5.2. Sliding wear resistance at Low Load (1.0 GPa)
When high-stress reciprocating sliding wear tests were performed at 

a considerably lower load of 30 N (1.0 GPa), the wear resistance trends 
for each tool steel remained unchanged. However, there was some dif
ference when comparing both tool steels, particularly at higher hardness 
levels (Fig. 6b). At lower loads, the contribution of plastic deformation is 
reduced, making the plowing component more dominant, as also 
demonstrated by increased coefficient of friction (Fig. 8b). In this case, 
cold work tool steel at the highest hardness level (B-1) exhibited better 
wear resistance (2.1 × 10⁻⁵ mm³⋅N⁻¹⋅m⁻¹) than hot work tool steel (A-1), 
which primarily consists of a tempered martensitic matrix. This in
dicates that at very small plastic deformation presence of large hard 
carbides in hard matrix provide a significant contribution to wear 
resistance as well as friction level.

As the hardness decreased, cold work tool steel again displayed 
lower wear resistance than hot work tool steel. However, the difference 
was much smaller (<30%) than for high-load contact conditions and 
gradually increased with a drop in material hardness. For the lowest 
hardness level (3) wear coefficient of hot work tool steel (A-3) increased 

Fig. 4. Nanoindentation test results of the investigated tool steel specimens (a, b, c - A-2, d, e, f - B-2); a, d) optical micrograph of nanoindentaion site (red rectangle) 
and marked area of magnified SEI image (black rectangle), b, e) magnified SEM image in SEI mode showing sites of specific indents in the microstructure and c, f) 
nanoindentation hardness map (hardness distribution).

Table 7 
Averaged nanoindentaion hardness values for the investigated specimens and 
corresponding HV and HRC values as provided by the nanoindentation software.

Specimen IIM [MPa] IIM [HV] Rockwell 
[HRC] – 
bulk

A-2 5758 + /- 676 533 + /-62 49 + /- 
0.15

B-2 Matrix Carbide 
(M7C3)

Matrix Carbide 
(M7C3)

49 + /-1.12

5371 + /- 
583

18089 + /- 
803

498 + /- 
54

1672 + /- 
74

*IIM – Instrumented Indentation method

Fig. 5. Fracture toughness of the investigated tool steels at different hard
ness levels.
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to 2.7 × 10⁻⁵ mm³ ⋅N⁻¹ ⋅m⁻¹ , and for cold work tool steel (B-3) to 
3.80 × 10⁻⁵ mm³ ⋅N⁻¹ ⋅m⁻¹ (Fig. 6b).

More pronounced wear of cold work tool steel, especially at lower 
hardness levels, indicates that a high fraction of large, hard carbides can 
actually compromise steel wear resistance when the matrix is too soft to 
support them. Although the carbides retain high hardness, the matrix 

with reduced hardness fails to provide load bearing support and 
adequately hold the large carbides in place, which can lead to their 
fracture and subsequent pull-out. The nanoindentation results 
confirmed significant hardness inhomogeneity in cold work tool steel 
(material B, Fig. 4), which supports the theory that, at insufficient ma
trix hardness, large carbides are no longer effectively supported and 

Fig. 6. Sliding wear resistance of investigated tool steels under reciprocating wear tests performed at (a) high load (102 N; 1.6 GPa) and (b) low load (30 N; 1.0 GPa).

Fig. 7. COF during running-in at the high load sliding wear test of a) cold work tool steel B-2 (highest carbide fraction) and b) hot work tool steel A-2 (lowest 
carbide fraction).

Fig. 8. Average coefficient of friction (COF) recorded during reciprocating dry siding wear tests at (a) high load (102 N; 1.6 GPa) and (b) low load (30 N; 1.0 GPa).
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anchored, promoting their detachment during wear and drop in coeffi
cient of friction. Similar findings were reported by [33], where PM and 
MIM-prepared composites containing VC carbides exhibited lower wear 
coefficients at intermediate carbide fractions. Higher carbide contents 
led to larger carbide precipitates with weaker adhesion to the matrix, 
increasing the likelihood of carbide pull-out and third-body abrasion.

At high contact stresses and more pronounced plastic deformation 
the wear mechanisms become more complex. Although two materials 
(material A and B can have similar bulk hardness, the difference in 
microstructure composition and associated properties like fracture 
toughness, ductility, and yield strength become the decisive factor.

As can be seen on Fig. 8b, COF values increased significantly to 
approximately 0.7 and above. This effect was consistent across speci
mens, with COF values around 0.71–0.76, slightly higher for specimen 
B-1. The increased COF at lower loads and high speeds could be 
attributed to the reduced contribution of plastic deformation and the 
increased role of micro-roughness and carbide protrusions in the sliding 
contact.

3.5.3. Influence of plastic deformation and fracture toughness
In the case of hot work tool steel (material A), which lacks large 

carbides, plastic deformation plays a significant role, but this deforma
tion appears to contribute to material’s overall wear resistance, shear 
strength and friction level under high-stress conditions. This is most 
probably due to uniform energy dissipation mechanisms and higher 
fracture toughness supporting the material's integrity. In contrast, cold 
work tool steel (material B) shows less plastic deformation under the 
same contact conditions, but more efficient material removal via 
plowing and scratching with higher friction. These wear modes pre
dominate because the matrix cannot sufficiently support and retain large 
carbides, which are easily dislodged and act as third-body abrasive wear 
particles. This is further supported by wear behavior at lower loads.

At 30 N and 54 HRC, cold work tool steel shows superior wear 
resistance due to the dominance of the carbides in resisting abrasive 
action, and absence of large plastic deformation. At 30 N, contact 
stresses (1000 MPa) remain well below the yield strength (1500 – 
1600 MPa) of both materials (A-1 & B-1). However, as hardness de
creases, the ability of the matrix in cold work tool steel (B-2 & B-3) to 
support the carbides at increased plastic deformation diminishes, lead
ing to a sharp increase in wear. In contrast, for hot work tool steel (A-2 & 
A-3) the absence of coarse carbides and much higher fracture toughness 
result in only minimal change in wear resistance at reduced material 
hardness.

This highlights the trade-off between carbide-driven abrasive wear 
resistance and the negative impact of large carbides on fracture tough
ness, which is crucial for applications with combined mechanical 

loading and abrasive wear conditions.

3.5.4. Role of carbides as third-body particles
As discussed, detached carbides can significantly influence wear 

behavior of the material, particularly when acting as third-body abrasive 
wear particles [32]. During reciprocating sliding, wear particles mainly 
tend to accumulate along the edges of the wear track. However, espe
cially under dry sliding they may also remain partially trapped within 
the contact and act as third bodies, changing wear mechanism form 
two-body to more severe three-body abrasive wear. To further investi
gate this effect, a dedicated set of experiments involving in-situ removal 
of any generated wear particles through air blowing was conducted at 
high speed/high-stress (30 N, 1 GPa) contact conditions. The key 
question addressed was whether the accumulation of detached carbides 
within the contact zone of tool steel leads to a transition from two-body 
to three-body abrasive wear and intensified wear process.

As shown in Fig. 9, the difference in friction, wear severity and wear 
coefficient for the hot work tool steel (material A) was negligible when 
comparing tests with and without in-situ wear particles removal. Wear 
coefficient with wear particles removal was less than 4% lower as for the 
conventional reciprocating sliding tests. This minimal difference in
dicates that in the case of hot work tool steel which is free of large coarse 
carbides, trapped wear particles have only negligible effect without any 
third-body abrasive action. The predominant wear mechanism remains 
governed by plastic deformation and micro-plowing.

In contrast, for the cold work tool steel (material B), which contains a 
high volume fraction of large Cr-rich carbides, removal of wear particles 
led to a significantly different response. Wear coefficient for cold work 
tool steel at the highest hardness level (B-1) dropped from 2.1 × 10⁻⁵ 
mm³ ⋅N⁻¹ ⋅m⁻¹ , to less than 1.6 × 10⁻⁵ mm³ ⋅N⁻¹ ⋅m⁻¹ when wear parti
cles were actively removed from the contact during testing. This rep
resents a drop in wear coefficient of about 25%. The results confirm that 
for carbide-rich tool steels, detached carbides play an important role in 
promoting and intensifying abrasive wear through third-body abrasion 
if not efficiently removed from the contact area. However, no change in 
friction could be detected (Fig. 9b), confirming abrasive wear as the 
main wear mechanism in both cases.

Those results clearly show that in carbide-rich tool steels detachment 
and accumulation of wear particles can have a substantial effect on the 
wear process, while in steels with low carbide fractions in wear process 
is mainly influenced by the intrinsic properties of the matrix.

3.6. Wear tracks investigation

Scanning Electron Microscopy (SEM) of the wear tracks including 
subsurface microstructural examination revealed differences in wear 

Fig. 9. Effect of in-situ wear particles removal on (a) wear coefficient and (b) coefficient of friction of A-1 and B-1 test specimens during reciprocating dry sliding test 
(0.12 m/s, 1 GPa).
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and damage mechanisms depending on the material type (type, size and 
fraction of carbides) and test conditions. Representative SEM images for 
the reciprocating dry sliding wear tests are shown in Fig. 10 and Fig. 11. 
All wear tracks show a mixed-mode sliding wear response, in which 
abrasion represents only part of the overall behavior. Depending on the 
carbide fraction, carbide size, and matrix hardness, the surfaces also 
show evidence of plastic deformation, brittle carbide fracture, subsur
face fatigue damage and delamination, as well as tribochemical and 
oxidative processes. In Fig. 10 for the investigated tool steels at the 
highest hardness level of 54 HRC and in Fig. 11 at the lowest hardness of 
45 HRC. In the case of cold work tool steel with large solidification 
derived carbides and high fraction of carbides hardened to 54 HRC (B-1; 
Fig. 10a), cracking, partial smoothening and detachment of those large 
carbides can be observed, with visible voids around some of the de
tached carbides. It is important to note that tool steels containing coarse 
solidification derived carbides typically exhibit pre-existing cracks 
within these carbides, with the sliding contact further accelerating their 
fracturing and eventual detachment. Additionally, several larger craters, 
indicative of material removal, can be observed on the worn surface. 
Some degree of plastic deformation was also evident in the 
microstructure.

In contrast, the worn surface of hot work tool steel (A-1; Fig. 10b), 
which has a much finer carbides and lower carbide fraction at the same 
hardness level, shows considerably smoother and flatter appearance, 
though some larger abrasion grooves are still present. The surface 
morphology indicates that plastic deformation is more pronounced in 
this material, aligning with its lower carbide content and higher fracture 
toughness.

When the same materials were tested under lower applied load 
(30 N; Figs. 10c and 10d), a more pronounced abrasive wear pattern was 
observed and degree of plastic deformation reduced. Furthermore, as 
shown in Fig. 10c, carbides cracking and removal has been reduced for 
cold work tool steel. The worn surface of hot work tool steel (A-1) tested 
under lower load conditions (Fig. 10d) displays characteristic short 
shallow scratches, which can be associated with the effect of small MC 

carbides present in its microstructure. The behavior of these fine car
bides under sliding conditions was thoroughly described in our previous 
work [34].

At reduced hardness levels cold work tool steel (B-3) exhibited 
severely damaged wear surfaces regardless of the load applied in wear 
testing, as shown in (Figs. 11a and 11c). The worn surfaces are rough, 
with significant material removal, large craters, and majority of large 
carbides being cracked and removed. This confirms the inability of 
softer matrix to provide adequate load bearing capacity and support 
large carbides, which are rapidly fractured and detached during sliding.

In contrast, hot work tool steel (A-3; Figs. 11b and 11d) continues to 
exhibit smoother wear tracks with signs of pronounced plastic defor
mation, especially at high loads. The wear scar morphology indicates 
that, despite lower hardness, large-carbides-free hot work tool steel can 
undergo substantial plastic flow without experiencing severe wear and 
material removal, observed in cold work tool steel. This highlights the 
influence of microstructural characteristics, specifically carbide size and 
distribution, on the dominant wear mechanism and wear resistance of 
tool steels.

Cross-section microstructural analysis of unidirectional sliding wear 
track for low hardness group specimens (45 HRC), aimed at revealing 
wear mechanism and damage evolution is shown in Fig. 12 (1.2379; B-3) 
and Fig. 12 (mod. 1.2367; A-3). In the case of high-carbon, high-chro
mium cold work tool steel (1.2379; B-3) initial unworn and undeformed 
microstructure consists of undamaged large M7C3 Cr-rich solidification 
derived carbides and small M23C6 Cr-rich secondary carbides, all 
encapsulated within a tempered martensitic matrix (Fig. 12a). After 
being subjected to unidirectional sliding against a much harder counter- 
ball (Al₂O₃), a severely damaged subsurface region develops. As shown 
in Figs. 12b and 12c, cracked as well as highly fragmented large solid
ification derived carbides can be seen in the contact zone. Elongated 
carbides located at the contact surface get crushed into smaller frag
ments by being trapped between the hard counter-body and another 
hard carbide particle beneath. Furthermore, as the martensitic matrix 
beneath the wear track undergoes plastic deformation under sliding, the 

Fig. 10. Top view SEM micrographs of reciprocating sliding wear track for a, c) cold work tool steel (B-1) and b, d) hot work tool steel (A-1) hardened to 54 HRC; a, 
b) pH = 1.6 GPa and c, d) pH = 1.0 GPa (white arrow indicates reciprocating sliding direction).
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embedded large carbides with a significantly lower ductility than the 
surrounding matrix become highly stressed, leading to their fracturing.

Due to high volume fraction and presence of large carbides plastic 
deformation of the matrix is limited to the region immediately beneath 
the wear track (3–5 μm), while the matrix further away from the contact 
zone remains unaffected. This effectively "pins" large carbides from the 
bottom side while dynamic loading during sliding promotes their frac
ture, movement and eventual dislodgment at the worn surface, as 
illustrated in Fig. 12b. In addition to carbide cracking, matrix cracking is 
also observed, particularly in areas close to the larger carbides and near 
the worn surface. Process of large carbides cracking, rearrangement with 
matrix plastic flow and displacement (Fig. 12) leads to the formation of 
voids deep beneath the worn surface, further reducing the structural 
integrity of the material and increasing its susceptibility to wear.

Smaller secondary carbides, on the other hand retain their structural 
integrity and follow plastic deformation of the tempered martensitic 
matrix, as shown in Figs. 12b and 12c. This difference in behavior be
tween large and small carbides highlights the crucial role of carbides size 

and distribution in terms of tool steel wear response.
Contrary to cold work tool steel (1.2379; B-3), microstructure of hot 

work tool steel (mod. 1.2367; A-3) consists predominantly of tempered 
martensite with a very low fraction of fine, sparsely distributed MC V- 
rich carbides (Fig. 13a). When this material is subjected to high-stress 
sliding wear (1 GPa), using the same contact pressure as applied for 
sample B-3, it shows a markedly different subsurface response with a 
substantial shear and plastic deformation, as shown in Figs. 13b and 13c. 
The cross-section analysis of specimen A-3 reveals that under high-stress 
sliding the tempered martensitic structure undergoes substantial 
compression and bending of the martensite laths in the direction of 
sliding. This is a key difference compared to large-carbides dominated 
microstructure of cold work tool steel (B-3), where carbide cracking and 
detachment dominate the damage mechanism.

Notably, for large-carbides-free hot work tool steel very few carbide 
particles were observed beneath the worn surface (Figs. 13b and 13c). 
This confirms that the material’s wear response is primarily governed by 
the ductility and plastic flow of the tempered martensite, with limited 

Fig. 11. Top view SEM micrographs of reciprocating sliding wear track for a, c) cold work tool steel (B-3) and b, d) hot work tool steel (A-3) hardened to 45 HRC; a, 
b) pH = 1.6 GPa and c, d) pH = 1.0 GPa (white arrow indicates reciprocating sliding direction).

Fig. 12. Microstructure cross-section view of cold work tool steel hardened to 45 HRC (B-3); (a) unworn surface and (b-c) wear track after 200 m of unidirectional 
sliding against Al2O3 counter-ball @1.0 GPa.
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contribution from hard carbides interactions. The absence of a signifi
cant carbide population likely contributes to the smoother, more plas
tically deformed wear track morphology (Fig. 11d).

4. Conclusions

Results of this study, aimed at determining the effect and role of 
carbides in high-stress sliding wear behaviour of tool steels can be 
summarized in the following conclusions:

At the same bulk hardness level hot work tool steel mod. 1.2367 with 
the microstructure mainly consisting of tempered martensite with finely 
dispersed small MC carbides shows very uniform microhardness distri
bution and up to two-times better fracture toughness than cold work tool 
steel 1.2379, characterized by high carbides density and large coarse 
solidification derived carbides.

In general, material’s bulk hardness defines the level of sliding wear 
resistance. Higher hardness resulting in lower wear coefficient. How
ever, as demonstrated by this study it is not only about inherent material 
hardness. Wear performance of tool steels is strongly influenced by 
carbide fraction, size, and matrix load-bearing capacity.

Large coarse carbides, if not sufficiently supported by a hard matrix, 
are prone to fracture, fragmentation and detachment, which can 
significantly reduce wear resistance, especially at low hardness levels 
with insufficient matrix hardness. In this respect, matrix strength has a 
crucial role in maintaining carbide integrity during sliding wear.

Generated wear particles and carbide fragments further contribute to 
increased wear by introducing hard third-body particles into the contact 
and leading to more severe abrasive conditions. This effect is particu
larly detrimental when large carbide fragments remain trapped in the 
contact zone, highlighting the importance of material dynamic behavior 
under stress and wear particles interaction.

The interplay between matrix hardness, carbide fraction, size, and 
type critically dictates the wear behavior of tool steels. Contact condi
tion based balance between these microstructural features, ensuring 
sufficient matrix support and controlled carbide characteristics is 
essential for best wear performance.
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