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1. Introduction

The building sector is the largest energy consumer in the European
Union (EU), accounting for approximately 40 % of energy consumption
and 36 % of CO, emissions [1]. The demand for housing is expected to
rise because of the increase in global population. Consequently, con-
struction and demolition waste (CDW), which currently constitutes
approximately 25-30 % of the total waste generated annually in Europe
[2], will also increase, making it necessary to use it appropriately
instead of being dumped in landfills. Additive manufacturing (3D
printing) has gained significant attention over the last few years and has
served as an encouraging method for solving several environmental
problems, including the need for both local source materials and mini-
mising waste production. 3D printing enables the production of more
complex shapes and has been employed in various fields [3,4].

Additive manufacturing offers advantages such as freedom of design,
reduced labour, customisation, automation, waste minimisation, and
the ability to build complex structures with inexpensive materials.
However, it also suffers from disadvantages such as the formation of
voids between layers, which results in higher porosity and reduced
adhesion between printed layers and anisotropic behaviour. These dis-
advantages represent the challenges in additive manufacturing that
need to be overcome [5]. Various types of additive manufacturing
methods are currently in use, including binder jetting, directed energy

deposition, material extrusion, material jetting, powder bed fusion,
sheet lamination, and vat photo-polymerization [6]. Extrusion and
layered printing are most commonly applied for concrete-type materials
[7,8].

Printable materials should have suitable workability, extrudability,
pumpability, open time, buildability, shape retention, and structural
properties, all of which are governed by the properties of the fresh
mixture, especially its rheology [6,9-11]. For optimal printability, a
balance between various properties must be attained by altering the mix
design using a trial-and-error approach [11]. Rheological characteristics
are important for extrusion-based printing and are therefore widely
studied in the field of cementitious materials [12-15]. The thixotropic
behaviour of mixed designs is an influential factor in pumping and
printing [16]. The workability of the material is determined using a
slump test, where a higher slump height (higher fluidity) corresponds to
a lower yield stress [17]. A lower yield stress and viscosity improve
pumpability and flow, which are important for extrusion; however, a
very low yield stress can cause the shape to collapse after extrusion [5].
The setting time is a useful indicator of the printability window, both of
which are important process parameters [10]. Printability refers to the
ability of a mixture to extrude (i.e. its extrudability) and maintain its
structural integrity when built into layers (i.e. buildability) [18]. For the
successful placement of the layers, the setting time of the prepared
material should be sufficiently long to enable adequate workability [18,
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19], flowability, and sufficient adhesiveness between layers [20]. The
particle size of the aggregates and/or fibres is limited by the size of the
nozzle, and mix designs contain fine powders, inorganic additives (e.g.
fly ash-FA), and viscosity modifiers (superplasticisers and accelerators)
[14].

A considerable drawback of additive manufacturing on a larger scale
is its inability to reinforce materials with fibres, such as polypropylene
or PVA, which can increase the tensile strength and ductility but
simultaneously change the rheology of the material [21-24]. Further
challenges include the spontaneous and in situ nature of adjusting the
fresh properties of concrete, formation of cold joints between printed
layers, and finishing the final surface of printed concrete objects [25].
The type (material) and size of fibres are both limited in digital fabri-
cation because they can damage the extruder or the pump. Therefore,
the pump and nozzle must be designed to enable the printing of specific
fibres [26]. Chougan et al. conducted a study in which fibre and nano-
clay additives were added to alkali-activated FA, ground granulated
blast-furnace slag (GGBFS), and silica fume. A positive impact on the
3D-printed samples was observed with both additives through the
incorporation of fibres to fill the voids and a crack-bridging mechanism
[27].

Most 3D-printed concrete products use cement-based mix composi-
tions, although other inorganic binders with lower carbon footprints
such as alkali-activated materials (AAM) have also been used in recent
years [28-32]. AAM is considered a green construction material because
its primary constituents such as FA, slag, and glass waste are collected as
aluminosilicates from construction/demolition waste [5,6,10,22,26,
33-35]. The fresh (and mechanical) properties of AAMs significantly
change according to the mix design depending on the type of precursors
and activators used, the precursor-activator and water-to-solid (w/s)
ratios [36,37]. Thus, there are several possibilities for preparing a
suitable mix design for 3D-printed AAMs. Stone wool (SW) and glass
wool (GW) are chemically different amorphous fibrous materials that
are globally used for thermal and acoustic insulation [38]. Owing to an
increase in CDW, there is also a high amount of mineral wool waste,
which is problematic for transport and landfilling because of its low
density that consumes a considerable amount of space. The EU has set a
recycling target for non-hazardous CWD of 70 % by weight [39] to be
achieved by 2020 (Waste Framework Directive 2008/98/EC). Although
the percentage of utilised mineral wool waste remains low [40], alkali
activation currently represents a suitable option for reusing this
silicon-rich precursor in the production of new building materials.
Mineral wool is composed of fibres (microfibres, owing to the diameter
of the fibres) and AAMs contain many unreacted fibres in their gel
structure after the activation process [41-43]; therefore, the use of such
fibres can increase the structural integrity of the printed objects. The size
and arrangement of the particles, as well as the interparticle forces,
affect the buildability of the paste [44]. Furthermore, because of the
anisotropy, the loading directions affect the 3D-printing process, and
reinforcements can improve the bonding between the layers [29]. The
chemical compositions of SW and GW differ. GW contains higher
amounts of amorphous SiOy (59-64 wt%) and NayO (approximately
15-18 wt%) compared to that in SW (about 39-43 wt%); higher
amounts of Al,O3, CaO, and MgO; and less NaoO [40]. Consequently,
different mechanical properties were obtained when SW or GW was used
in the alkali activation process. Both types of mineral wools contain
organic binders (most commonly phenolic and sugar-based binders)
[45]. In our previous study, after 90 days of curing at room temperature,
SW reached compressive and bending strengths of 56 MPa and 13 MPa,
respectively, and GW reached 80 MPa and 27 MPa, respectively. How-
ever, after 3 days of curing at 40 °C, the mechanical properties were
found to be higher in the case of GW compared to SW when sodium
silicate was used and it was lower when sodium hydroxide was used as
the alkali activator [41]. Similarly, Yliniemi et al. observed better me-
chanical properties of GW when sodium silicate, sodium aluminate, and
NayCO3 were added as alkali activators than when NaOH was used [46].
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The presence of microfibres improves the bending strength of AAM [47]
whereas the presence of organic resin positively affects the compressive
strength [42]. In another study, it was found that organic resins influ-
enced the dissolution, diffusion, and hardening reactions of AAMs; the
compressive strengths were lower in the presence of organic binders
when cured at room temperature [48]. A solubility test performed by
Konig et al. indicated a higher concentration of dissolved Si at elevated
temperatures when using the hydrothermal method for GW [49].
Therefore, more gel may form during alkali activation in the case of GW,
and the hardening process would be considerably slower than that in the
case of SW. A combination of both is desirable because SW contains
higher amounts of alumina and calcium than GW [41,50]. Our previous
study showed that the presence of GW in the mixture of SW and GW
improve the mechanical properties [41], and while using a mixture of
both types of wool reaction is accelerated due to the presence and
dissolution of more calcium from SW which affects its early strength and
decreases the setting time [51]. A freeze-thaw resistance of at least 150
cycles was observed in our previous study where 33.1 wt% of SW was
used in alkali-activated facade panels in addition to electric arc furnace
slag, metakaolin, lime, and quartz sand activated with sodium silicate
[52]. Co-binders were used to improve workability, accelerate the re-
action, and increase the Si/Al ratio [51]. However, the mixture was not
suitable for 3D printing because it contained sand and varied in the
particle size of mineral wool used for the preparation of panels [52],
which affected the extrudability (nozzle limitations) and buildability of
the material produced. Additive manufacturing requires a robust mix
design, as any small variation will affect the parameters for producing a
suitable mixture [53]. Mineral wool is composed of microfibers that can
vary in length and width after milling (the size range of microfibers is
therefore important, e.g., particle size <63 pm), and it can act as a
binder or reinforcement (unreacted fibre) in the structure of AAMs.

The current study presents the use of mineral wool (both SW and
GW) in an alkali-activated mixture for 3D printing. This mixture in-
cludes the incorporation of co-binders such as bottom ash (BA), calcium
aluminate cement (CAC) and microsilica (Mic) to improve the overall
composition. It appears that no previous research has investigated the
incorporation of mineral wool in 3D printing and the behaviour of such
mixtures at elevated temperatures, which is the novelty of this investi-
gation. The research goes beyond 3D printing as it expands the scope to
include moulded samples, which allows for a comprehensive analysis of
material properties during the curing process and includes analyses at
both room temperature and elevated temperatures. In addition, the
study of the behaviour of the samples under elevated thermal conditions
allows an evaluation of the applicability and performance of this ma-
terial for different purposes.

Table 1
Chemical composition of precursors used for preparing 3D-printed AAMs. Loss
on ignition (LOI) was measured at 950 °C for all precursors except SW and GW.

m% (wt%) GW SW BA CAC Mic
Si0, 58.9 38.9 27.5 0.13 84.8
Na,O 12.8 1.73 0.93 0.44 0.37
Al,O3 5.66 18.2 9.57 81.4 0.60
K70 0.38 0.89 2.09 0.01 0.86
Fey03 0.90 6.24 8.90 0.09 0.68
CaO 8.96 16.7 18.9 14.6 4.15
MgO 5.24 10.9 6.84 0.19 1.54
SO3 0.62 0.09 2.11 / 0.02
LOI (950 °C) 5.67° 4.17° 21.5 2.90 6.59

@ LOI measured at 550 °C due to pure glass wool melting at 950 °C and the
oxidation of the stone wool.
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2. Materials and methods
2.1. Materials

Precursors used for alkali activation: All precursors used for
preparing AAMs are presented in Table 1 along with the chemical
compositions of the materials. Sodium silicate (Geosil 34417, Woellner,
SiO5:Nas0 = 1.68, 55.6 wt% Ho0) was used as the alkali activator. The
mix design selected for preparing 3D-printed and moulded mixtures
comprised 20.8 wt% stone wool (SW, Knauf Insulation, waste material),
20.8 wt% glass wool (GW, Knauf Insulation), 6.5 wt% bottom ash (BA,
waste material), 12.5 wt% calcium-aluminate cement (CAC, Samson
Kamnik), 2 wt% microsilica (Mic, Samson Kamnik), and 37.4 wt% liquid
sodium silicate.

Particle size distribution: Particle size distributions were measured
in all five precursors prepared for alkali activation (Microtrack Sync,
USA, Pennsylvania). The particle sizes of the precursors used are listed
in Table 2.

2.2. Sample preparation (moulded and 3D printed)

Preparation of precursors: GW and SW (10 kg) were milled in a
concrete mixer for 3 h using steel balls of different sizes (30, 40, and
47.5 mm). The sample was homogenised and then dried in a drying oven
at 105 °C for 24 h before being sieved through a mesh with openings of
63 pm. The residue was ground again in a homogeniser (powder mixer
shaker, Turbola T2F) using a 2 1 plastic container and 50 steel balls
(diameter = 9.8 mm), and sieved to below 63 pm. The final powder was
homogenised. Mic and CAC were used as received, whereas BA was
milled and sieved to below 63 pm.

Preparation of selected mix design: All premixed and homoge-
nised dry precursors were placed in a container and mixed with liquid
sodium silicate. Then, the mixture was mixed in an overhead mixer
(Tehtnica, Zelezniki) at 500 rpm for 5 min. Once the paste was homo-
geneous and workable, the mixture was placed in silicone moulds (80
mm x 20 mm x 20 mm; moulded samples). For the 3D-printed samples,
the paste was inserted into a dosing cylinder and prepared for extrusion.
All samples were cured at constant temperature and relative humidity
(20.5 °C £ 0.5 °C and 50-55 %). In the following text labelled as room
temperature.

2.3. Methods

The AAM prepared primarily from SW and GW was tested for po-
tential use in 3D printing. 3D printing was performed using a commer-
cial 3D printer with certain modifications for the study. The most
suitable mix design was selected by experimenting with various alkali-
activated mixtures. An optimal mix design for 3D printing was devel-
oped using a heuristic trial-and-error approach.

3D printing: The printer (Delta Wasp 4020 3D-printer, Fig. 1a) used
in the present study has a pressurised feeding chamber from which the
material is pushed to the printhead (Fig. 1b and c). The printhead con-
sisted of an extruding screw with a programmable speed controller. The
volume of the extruded mass was regulated by the pressure in the
feeding chamber and the rotation speed of the extruder screw. The
extruding screw was mixed with the material before deposition. The
printing area had a diameter of 200 mm and a height of 400 mm. The

Table 2
Particle size distributions with percentages of the precursors measured by
passing d10, d50 and d90.

% passing GW (pm) SW (pm) BA (pm) CAC (pm) Mic (pm)
dio 3.73 5.67 1.29 1.07 4.45
dso 13.8 24.9 8.27 17.8 32.4
doo 66.3 65.9 59.1 86.3 96.4
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printing bed (Fig. 1d) was heated to 60 °C. The entire printer was
enclosed in a chamber around which air was circulated to ensure that
the temperature remains as homogenous as possible. The details of the
3D-printing equipment are provided in the supplementary material
(Text S1 and Table S1).

Thermal treatment: The moulded and 3D-printed samples were
thermally treated in a heating oven at 200, 300, 400, 500, 600, 700 and
800 °C. A heating programme was created for each sample wherein the
temperature was adjusted to the desired temperature at a rate of 10 °C
min~}, and then held at that temperature for 20 min before being cooled
to room temperature in the furnace.

Mechanical properties: To test the mechanical properties of the
samples, the paste mixture was moulded into prisms (20 mm x 20 mm
x 80 mm). The compressive and bending strengths were measured after
1, 3, 7, 14, 28, 56, and 128 days using a compressive and bending
strength testing machine (ToniTechnik ToniNORM). A constant force
rate of 0.05 kN/s was used. The bending and compressive strengths were
measured using three prisms. After measuring the bending strength, the
remaining half of the prism was used to evaluate the compressive
strength.

X-ray diffraction (XRD): XRD analysis was performed between 4°
and 70° at intervals of 0.0263° using an Empyrean PANalytical X-ray
diffractometer (Cu X-ray source, 45 kV, 40 mA; Thermo Scientific,
Thermo Electron SA, Ecublens, Switzerland) under cleanroom condi-
tions using powder sample holders. The amounts of amorphous phase
and minerals in terms of mass percentages were estimated by Rietveld
refinement [54] using an external standard (a pure crystal of Al,03) and
X'Pert Highscore plus 4.1 software (version 4.1, Malvern Panalytical,
Surrey, United Kingdom).

X-Ray fluorescence (XRF): For XRF analysis (Thermo Scientific ARL
Perform’X Sequential XRF), powder samples were prepared in a furnace
(Nabertherm B 150) and then mixed with Fluxana (FX-X50-2, lithium
tetraborate 50 %/lithium metaborate 50 %) in the ratio 1:10 to lower
the melting temperature. XRF analysis was performed on the melted
disks using OXSAS software, and the data were quantified using Uni-
Quant 5 software.

Fourier-transform infrared spectroscopy (FTIR): An FTIR spec-
trometer (PerkinElmer Spectrum Two, Kentucky, USA) equipped with
an attenuated total reflection accessory (Universal ATR) was used to
observe the infrared spectra of alkali-activated moulded and 3D-printed
samples using a diamond/ZnSe crystal as a solid sample support in the
range 400-4000 cm ! at a resolution of 4 cm ™.

Vicat test: A Vicat needle was used to determine the initial setting
time (and the open time suitable for 3D printing); the experiment was
conducted according to EN 196-3 (Methods of testing cement - Part 3:
Determination of setting times and soundness, 2008). The fresh sample
was penetrated by the Vicat needle, which had a weight of 300 g and a
diameter of 1 + 0.05 mm. Penetration depth versus time was recorded
with penetration readings conducted at 30-min intervals. The approxi-
mate initial setting time was recorded when a penetration of 6 + 2 mm
was achieved.

Slump test: A mixture of paste prepared for 3D printing was poured
into a slump cone with a height of 75 mm and inner diameters of 38 mm
at the top and 90 mm at the bottom (standard procedure EN 12350-2).
The cone was placed on a smooth glass plate to minimise friction be-
tween the plate and the paste. After filling the paste, the cone was lifted
slowly and the plate was shaken 15 times.

Dilatometry: A dilatometric analysis was performed using a Netzsch
DIL 402 dilatometer on a sample with a height and width of approxi-
mately 7 mm and an exact length of 18.87 mm. Measurements were
conducted over a temperature range of 20-700 °C at a heating rate of
5°C min~ .

Coupled Thermogravimetric-Evolved Gas Analyses (TG-MS): The
thermal decomposition of the prepared samples was monitored using a
Mettler Toledo TGA/DSC1 instrument connected to a Pfeiffer Vacuum
ThermoStar mass spectrometer. For GW and SW, about 10 mg of the
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Fig. 1. (a) Delta Wasp 4020 3D printer used in the present study, (b) printhead printing for extrusion using a screw, (c) cooling the printhead with a closed loop
water-cooling system, and (d) an example of printing a prism using the established printing system.

sample was placed into a 150 pL alumina crucible and heated from 25 to
950 °C at a rate of 10 °C min~!. The furnace was purged with air during
measurement at a flow rate of 50 mL min~*. An empty crucible served as
reference, and the blank curve was subtracted. The evolved gases were
introduced into the mass spectrometer via a 75 cm-long heated capil-
lary. In the 3D-printed samples, the initial mass of the sample was be-
tween 4.6 and 5.6 mg, whereas the upper temperature during dynamic
measurement was 650 °C.

Scanning electron microscopy with energy dispersive X-ray
spectroscopy (SEM-EDXS): The microstructures of the samples were
examined using a scanning electron microscope (SEM, JSM-IT500LV,
Jeol, Tokyo, Japan) equipped with an energy-dispersive X-ray analy-
ser (EDXS, Link Pentafet, Oxford Instruments). Backscattered electron
(BSE) detection was applied to the uncoated polished samples prepared
in epoxy resin and observed under low-vacuum conditions. After
measuring the mechanical strength, the nonpolished samples (sample
pieces that had not been destroyed) were observed at room temperature,
200, 300, 400, 500, 600, 700, and 800 °C.

Mercury intrusion porosimetry (MIP): MIP analyses were per-
formed on the AAM samples using a mercury porosimeter (Micro-
meritics, Norcross, GA, USA). The samples were dried at 70 °C for 24 h
before measurement and analysed using Micromeritics AutoPore IV
9500.

X-ray computed microtomography: This technique was used for
the 3D visualization of samples by image segmentation and to provide
quantitative information regarding internal microstructural features
such as voids and pores, which influence the structural characteristics
and physical properties, e.g. sample strength.

An increasing number of studies on 3D-printed AAMs have used X-
ray computed microtomography (CM) to explain the pore structure and
presence of cracks in the structure, thereby affecting the final mechan-
ical properties [27,55]. Internal microstructural features and morphol-
ogies of the moulded and 3D-printed samples (20 mm x 20 mm x 80
mm) were determined wusing non-destructive, high-resolution
microXCT400 (XRadia, Zeiss, Germany) equipment. Data for each
sample were collected with a macro (0.39x magnification) lens at 140
keV acceleration voltages using a stitching mode (a process in which two
volumes are merged at a common plane for creating a single volume). An

X-ray source was scanned across the entire sample, and 3D images were
obtained by rotating the sample 360°. Each projection image was ac-
quired using a 1 s exposure time and a 45 pm pixel size; 1200 images
were captured in total. Following 3D tomographic image reconstruction,
the commercial computer software program AVIZO Fire (Thermo Fisher
Scientific) was used for visualizing the internal sample geometry for
segmentation (Fig. 2) and quantitatively analysing the porosity, pore
size distribution, and fraction of voids. Image segmentation was per-
formed using an Interactive Thresholding tool to merge similar in-
tensities into various image segments; in our case, the matrix, voids,
pores, and cracks. 2D slices were converted from grayscale to binary
images based on the selected threshold in the grey-level histogram of the
image. A labelling module was used to perform a connectivity analysis of
individual objects in the entire 3D volume. A filter with the measure-
ment and sieve analysis modules was used to filter different objects, and
finally, the volumes of individual pores were measured.

3. Results and discussion

A material extrusion approach was used to produce specific 3D ob-
jects (electronic components). The thermal stability of the 3D-printed
products was evaluated when exposed to elevated temperatures dur-
ing their service life. The first part of the results, transition temperature,
and evolution of different gases were estimated using TG-MS analysis.
The mechanical properties of the printed samples were examined and
compared with those of the conventionally moulded AAMs, while
Fourier transform infrared (FTIR) and X-ray diffraction (XRD) tech-
niques were employed for observing the chemical and mineralogical
changes induced on the hardened products because of exposure to
higher temperatures or because of the curing process at room temper-
ature. Changes in the (bulk and skeletal) density and porosity of the
materials were monitored using MIP. The samples exposed to elevated
temperatures were investigated using SEM-EDXS and X-ray computed
microtomography.

3.1. Selecting the optimal mixture for 3D printing

A preliminary study was conducted to develop the design mix
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Fig. 2. Example of X-ray microtomography. (a) Grayscale 2D slice, (b) segmented image with matrix in blue, (c) segmented image of 3D volume of printed sample
(segmented pores, voids, and cracks in white). (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of

this article.)

investigated in the study. Several different waste materials were inves-
tigated for developing an ideal mix design for 3D printing, e.g. pulv-
erised SW and GW, gypsum, GGBFS, FA, BA, different types of cement,
metakaolin, lime, and Mic. The type of precursor used influenced the
rheological behaviour (workability) of the paste, and thus, the extrusion
of the prepared AAM. Extrusion is not possible when the mixture is too
viscous. The mix design was modified by changing the type and amount
of admixture for achieving good extrusion and shape stability with no
deformation upon the subsequent loading of layers. The tested mixtures
are listed in Table S2 and described in Text S2. Based on this information
and our previous experience using SW and GW for AAMs [41,56], we
obtained a mix design that could be extruded and retained its shape after
printing (the mixture comprised of GW, SW, BA, CAC, and Mic). A long
initial setting time is required to avoid premature stiffening when the
mixture is extruded and printed. The initial and final setting times were
7 h and 8 h, respectively, whereas the AAM (i.e. open time) could be
printed for up to 3 h (usually between 1 and 2 h). Although CAC was
added to the mixture for accelerating the setting time, mineral wool,
which is the predominant precursor in the mixture, exhibits low reac-
tivity at room temperature [41], and thus, prolongs the setting time.
However, slow alkali activation can self-heal defects formed during
3D-printing. The workability of the mix design was initially insufficient,
and when the material was continuously added, it was difficult to mix
the paste to obtain a homogeneous mixture. After mixing for 5 min, the
workability of the paste improved once all of the material was wet; the
slump test showed values of 158/163 mm for the selected mix design
(results from a previous study suggest that the optimal workability for a
mix design containing GW or SW is in the range 165-180 mm [56],
lower values are desirable for 3D printing). The water-to-binder ratio of
the paste was 0.33. The paste adhered to the metal of the stirrer; how-
ever, the adhesive properties and cohesion of the mixed pastes ensured
good adherence to the surface, which influenced the interfacial prop-
erties (interlayer bonding in layered manufacturing affects the me-
chanical properties of the printed material) [57]. In a previous study by
Panda et al., nano-clay was added to AAMs for improving their rheo-
logical characteristics in terms of their applicability to 3D printing [58].
Rheological parameters besides maximal viscosity and the time at which
maximal viscosity was achieved are not studied in this paper. These
parameters for the various mix designs tested in the present study are
listed in Table S2. The alkali activation and hardening processes when
using a mixture of GW and SW were slow. This was overcome by adding
CAC to the original mix design for accelerating the hardening. Although
CAC accelerated the hardening process, the buildability of the prepared
paste was not observed (the mixture did not retain its shape after
extrusion). Therefore, BA was added 1) to decrease workability and 2)
improve buildability (shape retention). This mix design (with GW, SW,
CAC and BA) was very viscous after preparation (torque overload; see
Table S2 in the supplement). Micro-silica was added to the mixture to
improve the extrusion and workability of the material. A decrease in
viscosity and thixotropic behaviour was observed in the mixture when
Mic was added, and this could have resulted in a lack of stability in the
shape of the deposited layers. The buildability of the layers and shape

stability was improved by heating the bottom of the 3D printer to 60 °C.
The test sample had sufficiently hardened after printing, and it could be
manually removed from the printing plate. It hardened completely after
one day of curing at room temperature.

3.2. Characteristics of the moulded and 3D-printed samples at room
temperature

3.2.1. Mechanical properties

After 28 days of curing at room temperature, the average density was
1.91 kg m 2 for the moulded samples and it was slightly lower for the
printed samples at 1.85 kg m~>. In the study by Chougan et al., the
density of the 3D-printed samples was 2.7-2.9 % lower than that of the
moulded AAMs (regardless of the precursors used) if the extruded
mixtures had a lower flowability and shorter setting time. A short setting
time may increase the porosity during the extrusion process and result in
weaker bonding between the layers with more pores between them [35].
The densities of 3D-printed samples varied because of the printing
process. More compact printing resulted in 3D-printed specimens with
better mechanical properties, whereas significantly lower strength was
observed in samples with lower densities.

The compressive and bending strengths of the moulded samples after
1, 3, 7, 14, 28, 56, and 128 days of curing at room temperature are
shown in Fig. 3. The bending strength increased up to 128 days, reaching
a maximal value of approximately 30 MPa, whereas the compressive
strength was over 100 MPa after 56 days and remained similar after 128
days, indicating that the final compressive strength was achieved after
56 days.

All samples were printed without any time delay; however, the me-
chanical strength of the printed samples was primarily dependent on the
time gap between the layers, which was further linked to the size of the
sample and the printing speed [29]. A comparison between the moulded

{777 Compressive strength (MPa)
BN Bending strength (MPa)
—m— Density (g cm)

w T T L
. o [
% o [1]
? i

28 56 128

Fig. 3. Compressive and bending strengths of the moulded samples after 1, 3,
7, 14, 28, 56 and 128 days.
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and printed samples was then performed after 28 days of curing, with
the compressive strength of the moulded and printed samples being 68.8
and 53.7 MPa respectively, and the bending strengths being 18.8 and
12.3 MPa. After 28 days, the compressive strength in the moulded
samples was 1.3 times higher than the printed samples in the present
study, which is lower than that shown in the study by Bagheri and
Cremona, where the compressive strength of moulded AAM specimens
was 1.6-2.3 times that of layered 3D-printed samples [33]. The me-
chanical properties of the 3D-printed samples are not as favourable as
those of the moulded samples because of their lower density (the
printing increases the porosity) and the potentially weak contacts be-
tween the layers (as a consequence of the printing process, dependent on
the speed of printing, freshness of the material, connection between the
layers, porosity between the layers, etc.). The higher compressive
strength of the moulded samples compared to that of the printed samples
was attributed to the increased porosity between the layers of the
printed material [32]. If the bond between the layers is not well estab-
lished, large voids may exist, and this can lead to increased heteroge-
neity and lower compressive strength [11]. However, the properties of
3D-printed AAMs also depend on the printing parameters such as
printing method, resolution of the layers, shape of extrusion (circular,
ovular, or rectangular), linear rates of extrusion, manufacturing orien-
tation (vertical or horizontal), and methods of preparation and formu-
lation [29,33]. In addition, the chemical composition of the
aluminosilicate raw materials (i.e. the precursors), type of alkali acti-
vator, content of alkaline ions in the activator, ratio of silicate to hy-
droxide compounds in the activator, water-to-binder ratio, and type of
aggregate are important factors that need to be considered with respect
to the mechanical properties of the printed AAMs. The direction of
printing is also important because the compressive strength in the
x-direction is higher than that in the y- and z-directions [29,59]. The
fibres used in the mix design for 3D printing decrease the bending
strength because of a weaker bond strength between the layers caused
by insufficient aluminosilicate bonds between the layers of the matrix
and reduce the time gaps between subsequent layers, whereas the
increased thickness enhances the bending strength [60]. In the present
study, the addition of GW and SW played an important role in improving
the mechanical properties (especially the bending strength) because the
fibres did not completely dissolve during alkali activation [41]. There-
fore, they enhanced the mechanical properties of the prepared
alkali-activated material, regardless of whether they were printed or
moulded.

3.2.2. XRD

The XRD patterns of the precursors and moulded AAMs cured at
room temperature are shown in Fig. 4. When cured at room temperature,
no difference was observed in the mineralogical compositions of the
samples after 3 or 128 days of curing. Examining the XRD patterns of
GW, SW, BA, CAC, and Mic indicated that most crystalline peaks found
in the precursors were also present in AAM (although the peaks had
lower intensities because of dilution). Following alkali activation, GW,
SW, and Mic contain more than a 90 % amorphous phase, showing a
broad hump that shifts slightly towards higher 26 values. However, the
presence of a broad hump (‘halo’) produced between 26 values of 26°
and 36° indicates the presence of the alkali-activation process [61]. The
amorphous contents of the precursors, AAM, and goodness of fit, as
determined by Rietveld refinement, are shown in Table 3. The major
crystalline phases found in the precursors and AAMs are shown in Fig. 4.

3.2.3. TG-MS

Fig. 5a shows the TG-MS results for the GW and SW samples between
room temperature and 950 °C. Weight loss was higher in GW (5.54 %)
than that in SW (4.04 %) over the entire temperature range, which is
consistent with the LOI shown in Table 1. In SW, oxidation and a
consequent increase in mass is observed between 530 °C and 850 °C. A
slight increase in mass also occurred in GW (0.13 % increase between
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Fig. 4. XRD diffractograms of the precursors used in the selected mix design
(GW, SW, CAC, Mic, and BA) and the alkali-activated paste cured at room
temperature. Measurements were performed after 3, 7, 14, 28, 56, and
128 days.

Table 3
Percentage of amorphous phase and goodness of fit for the precursors and AAMs
determined by Rietveld refinement.

Amorphous phase (%) Goodness of fit

GW 99 5.7
sw 99 5.0
Mic 94 10.3
CAC 13 5.8
BA 64 5.7
AAM 3 days 86 5.7
AAM 7 days 86 5.6
AAM 14 days 86 5.8
AAM 28 days 86 5.7
AAM 56 days 87 6.0
AAM 128 days 86 5.4

560 °C and 850 °C). The ion current shown on the right axis in Fig. 5a
indicates the release of water (m/z = 18), CO, (m/z = 44), and SO, (m/z
= 44). The first step in the TG curve (from room temperature to 200 °C)
is related to the release of water, whereas in the second step (from
200 °C onwards), water, CO5, and SO, are evolved. The evolution of CO,
completes at around 500 °C in SW and 550 °C in GW. Differences in the
end set temperature and ion current signal profile indicate a difference
in the decomposition pattern of organic compounds in the precursors,
which is the main reason different binders cover the SW and GW fibres
[45]. The release of SO is more intensive in GW, which is in accordance
with the amount of SO3 measured by the XRF analysis, as shown in
Table 1. The TG curves of the remaining precursors (BA, Mic, and CAC)
and the CO; evolution during heating are presented in Fig. 5b. The
intense CO3 signal in BA between 250 and 550 °C at m/z = 44 most likely
corresponded to unreacted carbon particles. It is assumed that the
decomposition of CaCOs starts above 600 °C in BA, as shown by the
steep curve in Fig. 5b [62] the signal for CO5 also increases. However,
this decomposition was not followed up to 800 °C [63] because in our
case, measurements were only performed up to 650 °C. In Mic, CO5
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Fig. 5. (a) TG-MS curves of GW and SW. The left axis indicates the mass loss of
the samples when heated in a dynamic air atmosphere, while the right axis
indicates the ion currents of CO, (m/z = 44), SO, (m/z = 64), and H,0 (m/z =
18) released from the samples. (b) TG-MS curves of BA, Mic, and CAC, and the
evolving gases H,O (m/z = 18) and CO, (m/z = 44). (c) TG-MS curves of the
AAM (moulded and 3D-printed). The left axis indicates the mass loss of the
samples when heated in a dynamic air atmosphere, while the right axis in-
dicates the ion currents of CO, (m/z = 44) and H,O (m/z = 18) released from
the samples.

evolves between 400 and 650 °C because of the thermal decomposition
of CaCO3 [64]. A small release of water (m/z = 18 (H,0)) was observed
in CAC between 220 and 265 °C, indicating dehydration.

Fig. 5¢c shows the TG-MS curves of the moulded and 3D-printed AAM
samples. The large weight loss between room temperature and 150 °C
(approximately 5 %) corresponds to the loss of physiosorbed water from
the AAM. The additional small peak of water at around 250 °C results
from combustion of organic material. A release of CO2 was observed
between 250 and 550 °C, most probably because of the decomposition of
the organic binders in GW and SW and the unburned carbon in BA.

3.2.4. FTIR analyses

Fig. 6 shows the FTIR spectra of the powdered precursors (CAC, BA,
Mic, GW, and SW) used in the present study. The CAC sample shows
several spectral features in the fingerprint region at 635, 583, 492 cm !,
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Fig. 6. FTIR spectra of the precursors and alkali-activated mixtures (moulded
samples) cured at room temperature after 3 h, 1, 3, 7, 14, 28, 56, and 128 days.

with many small peaks at around 440 cm™!. The aluminate-oxygen
stretching bands positioned between 700 and 920 cm™! represent
tetrahedrally coordinated aluminate with oxygen (the bands are barely
visible) assigned to condensed AlO4 tetrahedra and isolated AlO4
tetrahedra [65]. The bands at approximately 718, 635, and 583 cm ™!
are associated with the AlOg octahedral units in the structure [66]. The
peak at 440 cm ™! is attributed to the bending vibrations of the Al-O-Al
bonds [65]. The bands at 1099 ¢m~! in BA indicate the asymmetric
stretching vibration of the Si—-O-Si group, whereas those at 797 and 778
cm ™! show the Si-O-Si symmetric stretching vibrations of quartz pre-
sent in the sample [67,68]. The presence of peaks in the fingerprint
region at 712 and 875 cm ™! indicate the presence of calcium carbonate
in the sample, whereas a weak shoulder at ~875 cm ™! is attributed to
the out-of-plane bending of CO%‘ [69]. The Mic used in the present work
exhibited three peaks: the first two peaks were centred at 464 cm™! and
802 cm ™%, and a third broad peak was observed at 1111 cm ™. The most
intensive, broad peak, observed at 1111 cm ™, represents the asym-
metric stretching of silicon atoms in siloxane bonds. The symmetric vi-
brations of the silicon atoms in the siloxane Si-O-Si bond occur at 802
cm ! [70], whereas the peak at 464 cm ! is assigned to the Si-O
bending vibration [71]. The SW and GW mineral wool samples show a
broad band (indicating a disordered silicate structure) that corresponds
to the asymmetric stretching vibration band of Si-O-T (T = Si or Al)
present at 891 cm ™! in SW and at 967 cm™! in GW. A broad band was
positioned at a lower wavelength. In SW, this indicates more Al-O and
Al-O-Si bonds in the vitreous phase than in the GW sample (in accor-
dance with the chemical composition shown in Table 1). In GW, the
band at 778 cm ™! indicates a Si—O band (in the SiO4 tetrahedron) [72].
In SW, a band observed at 666 cm™! is attributed to the symmetrical
stretching of Si-O-T [73].
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AAMs results from the reaction of aluminium-silicate materials in a
strongly alkaline environment, where Si—-O-Si bonds are broken down in
the precursor and a new phase is formed. This is clearly observed in
Fig. 6, where the most intensive band, in the range 961-972 cm’l,
represents the asymmetric stretching of Si-O-Si. A transmission band at
approximately 1645 cm ™! indicates the presence of an H-O-H bending
vibration caused by water which was either present in the initial mixture
or adsorbed at the surface of the waste. However, after 14 days, this peak
was no longer observed. During the dissolution step, the Al-O-Si and
Al-O-Al bands in the amorphous phase were broken more readily than
the Si-O-Si bands, resulting in weaker bonds between the network-
forming and network-modifying species [74,75]. Therefore, an
Al-intermediate reaction product prevailed at the start (FTIR spectra
after 1 day); however, as the reaction progressed, more Si-O groups
became available from the precursors and were replaced with Al. This
can be observed in the asymmetric stretching of Si-O-T (T = Si, Al),
which shifts to higher frequencies. However, after 28 days, there was a
slight shift to higher frequencies, as indicated by the higher compressive
strengths and increased number of Si-O-Si bonds [76]. Bands at
approximately 635 cm ™! and between 579 and 592 cm ™! are associated
with the tetrahedral aluminosilicate system and are characteristic of
double-/single-ring and/or TO4 (T = Si, Al) tetrahedral bonds. The
formation of three-dimensional structures because of the ring in-
terconnections generates variations in the number, shape, and position
of bands between 500 and 800 cm ™! [66]. The higher reactivity of the
SW precursor in alkali is indicated by the more intense shift of the band
compared to that of the GW samples. The position of the Si-O-T (T = Si,
Al band shifts from 971 cm™! at 3 h, when the processes of dissolution
and alkali activation occur, to 961 cm ™ after one day, when the AAM
solidifies and alkali activation continues to progress. The band at
approximately 1110 cm ! was still observed after one day; however, it
disappeared after three days. Narrowing of the peak was observed in all
AAMs because of the more condensed tetrahedral species [77]. After 14
days, most of the reaction process was completed (there was no more
water in the samples, as seen in Fig. 6), and the compressive strength
reached approximately 60 MPa. However, alkali activation and reor-
ganisation of the structure continued until 128 days, as confirmed by the
improvement in mechanical properties.

3.2.5. X-ray computed microtomography

Microstructural evolution was investigated in the moulded samples
cured at room temperature (Tp). The visual observation of micro-
tomography results revealed the formation of microcracks (Fig. 16). The
paste was stirred during preparation to evenly disperse the particles. The
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blades of the mixer were rotated at a high speed, and a low-pressure
zone formed near the blades, enabling air to be incorporated into the
paste. The rate at which air escapes from the paste is affected by its
viscosity; it is more difficult for air to escape when the viscosity is higher
[78]. During the paste curing process, air moves upward, and some air is
released, whereas some forms isolated air voids, as shown in Fig. 16.

To produce dense 3D-printed parts, the right balance between shape
retention (buildability) and viscosity should be identified because shape
retention is strongly dependent on the nozzle diameter, layer height, and
width. The latter is influenced by the extrusion rate and print speed, and
these printing parameters have a large impact on the extruded material,
which should flow sufficiently to fill the void spaces between stacked
cylindrical layers (filaments). Another critical parameter affecting the
density of 3D-printed parts is the drying process, which can cause issues
such as warping, pore coalescence, crack development, and shrinkage
[79]. These parameters can only be determined using non-destructive
X-ray computed microtomography.

The size and distribution of the void spaces and pores is shown in the
histogram of the 3D-printed sample cured at room temperature (Fig. 7;
not exposed to elevated temperatures; hereafter referred to as ‘3D-
printed sample Ty’). To obtain such results and visual representation,
pores and voids were divided into three categories (inter-filament voids,
macropores, and micropores, based on a previously reported method
[80,811), which are schematically illustrated in Fig. 7 to help the reader
visualise their location in the 3D-printed sample.

The histogram in Fig. 7 shows that most voids and pores are up to
1.25 mm in size. Voids larger than 1.2 mm in diameter represent the
largest interfilament voids and can be seen in the middle of the sample
(Figs. 7-8a). Such voids can be located between the stacked cylindrical
filaments of the surrounding layers present weak interconnections be-
tween the layers and the rectangular grid of the printing pattern in the
cross section. These voids can also be defined as macrochannels (formed
between different semi-circular filaments in the cross section). Large
voids or channels are aligned along the filament in the y-axis direction.
Their length varied from a few millimetres to the entire length of the
sample (in our case, the largest void was 4.5 cm) and was typically wide,
between 1 and 1.5 mm. This indicates that the viscosity was sufficiently
high for the filaments to retain their slightly elliptical shape and prevent
the spaces from being completely filled. This should be noted because of
the importance of free void spaces during sintering, which influence the
overall density and cracking of the sample [78].

Further, larger voids can be observed at the bottom and on the side
surfaces of the sample (Fig. 8b), which can be caused by nonhomoge-
neous and unintentional printing and inhomogeneous drying (the
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Fig. 7. (a) Pore size distribution presented as the volume of pores/voids with respect to the pore size diameter, as determined by X-ray computed microtomography,
and (b) a schematic representation of the printed filaments showing the cross-sections of different categories of air pores and voids.
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Fig. 8. Visual presentation of voids and pores in the non-sintered 3D-printed sample obtained by X-ray computed microtomography, showing (a) inter-filament
voids, (b) bottom voids, (c) interfacial macro-pores, (d) micro-channels (the 10 largest in the defined ROI for easier visualization), (e) macro-pores (diameter be-

tween 400 and 800 pm). and (f) micro-pores.

heating plate is positioned at the bottom of the 3D printer and is in
constant contact with the bottom layer of the sample) because of the
presence of a closed surface at the bottom caused by the evaporation of
water and particles on the open surface [79]. The width of the voids at
the bottom surface was approximately 1.1 mm, with lengths varying
from 5 to 6 cm. These dimensions correspond to estimated volumes of
47 mm® and 57 mm®. The shape is rectangular and corresponds to the
characteristics of macro channels.

Another group of larger inter-filament voids (between 0.8 and 1.2
mm in diameter) formed between semi-circular filaments have a trian-
gular shaped cross-section (when viewed along the axes of the filaments)
in one direction, as seen in Fig. 8c. Moini et al. (2018) suggested that the
rearrangement of filaments and the accumulation of anhydrous cement
grains (in cement-based materials) near macropores are responsible for
forming these triangular gaps [80]. In this study, these macropores are
defined as interfacial macropores. At certain locations, these filaments
are rounded or even assume the shape of a water drop.

A different microstructure is observed in the 3D-printed sample (Ty).
The micro-channels are voids present at the interface between two
adjacent filaments oriented along the length of the filaments (Fig. 8d).
These channels were connected to the interfacial macropores on both
sides. The micro-channels of cement-based materials [81] had a width
and height of up to 100 pm. In this study, the size of the channels varied
based on the height of the filament, which changed according to the size
of the interfacial macro pores and the connection between them, ranging
in width from 50 to 100 pm and the pore volume from 0.5 to 16 mm®.

Voids smaller than 0.8 mm in diameter represent macropores
(Fig. 8e), and such pores are considered isolated pores located randomly
throughout the sample. These pores were also the most common pores in
the sample, according to the histogram (Fig. 7). The micro-pores are
smaller than the micro-channels (Fig. 8f; diameter below 100 pm that
were still identifiable at resolutions achievable by 0.4X magnification).
Further, micro-pores are present in the bulk of the material within the
filaments.

The results show that the 3D-printed sample (Ty) contained small
cracks primarily caused by dehydration during the curing process.
Inhomogeneous drying was observed during curing, which caused slight

warping (Fig. 8).

3.3. Results from the characterisation of the moulded and 3D-printed
samples thermally treated at elevated temperatures

3.3.1. Dilatometric study

To analyse the thermal stability of the specimens, a dilatometric
analysis was performed up to the temperature at which a significant
change was observed. Fig. 9 shows the dilatometric curve of the moul-
ded AAM sample. The curve shows that the sample shrank between 100
and 200 °C; the first derivative confirmed peak occurred at approxi-
mately 127 °C and the second at 177 °C, which can be ascribed to the
dehydration of free water. Slight thermal shrinkage was expected in the
FA-based AAM between 300 and 600 °C because of the physical
contraction caused by the release of hydroxyl groups [82]; this was
noticed in our study. Significant shrinkage was observed in the FA-based
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Fig. 9. Dilatometric curve of the moulded AAM.
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AAM above 600 °C, and it was attributed to vitreous sintering densifi-
cation. However, in our case, the sample expanded significantly above
630 °C. This can be caused by the reaction of sodium silicate and the
decomposition of carbonate, which creates pores that become trapped in
the structure in an already softened glassy matrix [83]. After the first
shrinkage between 100 and 200 °C, the sample exhibited geometrical
stability up to 600 °C. Then, a microstructural analysis was performed
after the thermal treatment of the samples at temperatures between
room temperature and 800 °C.

3.3.2. Mechanical properties

Fig. 10 shows the bending and compressive strengths of the moulded
and 3D-printed samples after curing at room temperature (Ty) or
following thermal treatment at 200, 300, 400, 500, 600, 700, or 800 °C.
Dilatometric analysis (Fig. 9) showed the expansion at around 630 °C,
and the highest testing temperature did not exceed 700 °C. The
compressive strength of moulded samples cured at room temperature
was approximately double that of the 3D-printed samples, which in-
dicates the effect of printing and composing the samples from the layers.
The bending strength of 3D-printed samples is higher not only at room
temperature but also at elevated temperatures, except at 300 °C, where a
high standard deviation of measurements was obtained. The decrease in
the compressive strength at 200 °C can be attributed to the evaporation
of free water from the pores, which causes slight structural changes and
cracks in the sample during dehydration [84]. Cracks were observed in
both the moulded and 3D-printed samples. At 300 °C, the decomposition
of organic compounds and evaporation of bound water and CO5 resulted
in a significant decrease in the compressive strength in the moulded
samples; however, this was not the case for the 3D-printed samples
(Fig. 10). At 300 °C, the 3D-printed samples exhibited a compressive
strength similar to that of the samples at 200 °C, and the bending
strength was lower. It was found that dehydration of capillary water
caused cracking and strength losses at temperatures <300 °C. Thermal
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Fig. 10. Density and mechanical properties of the moulded and 3D-printed
samples subjected to thermal treatment.
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treatment at elevated temperatures (>300 °C) promoted crack healing
in the samples, allowing AAM to regain strength following the signifi-
cant cracking caused by dehydration at lower temperatures [84]. This
was particularly true for the 3D-printed samples, which showed a slight
improvement in the mechanical properties, but not in the moulded
samples, which showed a significant decrease in the mechanical prop-
erties. The decomposition of the organic binder started at about 250 °C,
as observed by TG-MS (Fig. 5), and CO evaporated more easily in the
3D-printed structure than that in the moulded samples. This hindered
crack healing in the moulded samples, leading to the additional
destruction of the structure and the deterioration of mechanical prop-
erties. At 400 and 500 °C, the mechanical properties of the moulded
samples remained similar; however, they were reduced in the
3D-printed samples. At 400 °C, a slight improvement in compressive
strength was observed in the moulded samples, which increased the
bending strength of the 3D-printed samples. At higher temperatures (T
> 500 °C), sintering promoted an increase in strength, giving the AAMs a
significant strength advantage over conventional materials [84]. An
increase in compressive and bending strength was observed in the
3D-printed samples at 600 and 800 °C compared with that at 500 °C;
however, this was not observed in the moulded samples (printed sam-
ples have empty spaces in the structure because of the printing model,
which means that the gases were released rather than trapped in the
matrix, decreasing the mechanical strength in moulded samples).
Although dilatometric analysis determined that expansion occurred at
630 °C, a slight expansion was observed at 600 °C in both the moulded
and 3D-printed samples. Moreover, a greater expansion was observed in
the moulded samples treated at 700 °C, where a decrease in mechanical
properties was observed in both moulded and 3D-printed samples.
However, at 800 °C (Fig. 10), the mechanical properties of the moulded
samples increased slightly compared to those at 700 °C, and a significant
increase was observed in the 3D-printed samples.

The geometrical densities of the moulded and 3D-printed samples
decreased after exposure to elevated temperatures, reaching the lowest
values at 800 °C, i.e., when the samples were deformed and the structure
became inflated. Sample bloating was observed in the moulded samples
after treatment at 300, 400, and 500 °C, wherein the organic material
decomposed and gases were released. The density of the sample
decreased slightly up to 600 °C, and then at 700 and 800 °C, an steep
decline was observed in the moulded samples because of the expansion
of the sample (expansion of the moulded samples at 800 °C was
approximately 105 %, compared to approximately 58 % in the 3D-
printed samples; examples of the moulded and 3D-printed samples
before and after exposure to a temperature of 800 °C are shown in
Fig. 11). A decrease in density was also observed in the 3D-printed
samples at 600 °C. The densities of the samples differed at the same
temperature; it was lower in the 3D-printed samples because of the
printing method and the pores between the layers (i.e. its lattice
structure).

3.3.3. XRD analyses of samples exposed to thermal treatment

X-ray diffraction patterns of the moulded samples exposed to
elevated temperatures were obtained and compared with the reference
Ty samples (XRD patterns for the 3D-printed samples are provided in
Fig. S2). Till 700 °C, the amount of the amorphous phase (according to
Rietveld refinement) was approximately 86 % in both the moulded and
3D-printed samples, as shown in Table 4. The amount of amorphous
phase showed a significant drop (to 46 %) at 800 °C, which is consistent
with the XRD patterns shown in Fig. 12, where new and different phases,
including nepheline, diopside, and akermanite-gahlenite, can be seen.
At 800 °C, a broad hump indicating AAM with a peak between 26° and
36° (2-theta) disappeared. Changes in the mineralogy of the AAM also
affected the structure of the thermally treated synthesised material. For
example, at 700 °C, the decrease in mechanical properties was attrib-
uted to the expansion and lower density of previously formed AAMs
compared to that at 600 °C (Fig. 10). The improvement in mechanical
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Fig. 11. Moulded (above) and 3D-printed (below) samples before (a) and after exposure to 800 °C (b).

Table 4
Amount of amorphous phase (wt%) in the moulded and 3D-printed samples
before and after thermal treatment.

Amorphous phase (%) Goodness of fit

AAM-T, 86 5.9
AAM-T, (printed) 85 5.4
AAM-200 °C 85 5.5
AAM-200 °C (printed) 87 5.3
AAM-300 °C 86 5.4
AAM-300 °C (printed) 84 5.3
AAM-400 °C 86 5.4
AAM-400 °C (printed) 85 5.2
AAM-500 °C 86 5.3
AAM-500 °C (printed) 85 5.1
AAM-600 °C 85 5.0
AAM-600 °C (printed) 83 4.9
AAM-700 °C 85 3.7
AAM-700 °C (printed) 87 4.0
AAM-800 °C 46 5.2
AAM-800 °C (printed) 46 4.9

properties at 800 °C could be related to the formation of new mineral-
ogical phases.

3.3.4. FTIR analyses of the thermally treated samples

The FTIR analysis results of the moulded samples, shown in Fig. 13,
indicate a slight degradation in the chemical structure of both types of
samples following exposure to elevated temperatures (FTIR analyses of
the 3D-printed samples show similar results, as shown in Fig. S2). The
main asymmetric stretching band starts to broaden, and a minor shift in
the position of the peak to lower wavenumbers indicates that the AAM is
stable up to 700 °C, consistent with the XRD mineral phases (Fig. 12).
Heating the material causes structural disorder, which results in
broadening of the main Si-O-T band (T = Si, Al). The decrease in the
wavenumber is attributed to the lower extent of polymerization in the
matrix [85] and a decrease in network connectivity [86], which is most
probably a consequence of structural changes and the evaporation of
water, CO5, and other gases from the structure, as proven by the TG-MS
analysis. The bands at around 776 cm™! could be attributed to the
presence of Si—-O-Si and O-Si-O bonds in various configurations as part
of the AAM network [72,87]. Till 300 °C, the shifts to lower frequencies
were only minor, whereas the shifts in Si-O-T (T = Si, Al) were higher at
higher temperatures. Finally, at 800 °C, new bands were observed in
both the 3D-printed and moulded samples. This is consistent with the
results of XRD (Fig. 12), where new mineralogical phases were shown to
occur at 800 °C, e.g. napheline appeared as a newly formed phase at
around 695 cm™!, and as a weak shoulder at 1081 cm ™.

3.3.5. Hg-porosity of the thermally treated samples
The pore size distribution of the moulded AAMs, measured by MIP
between 0.003 and 339 pm, is shown in Fig. 14; porosity is indicated as a
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Fig. 12. X-ray diffraction patterns of the moulded samples exposed to elevated
temperatures and the samples cured at room temperature (To) as a reference.

percentage of the total volume. The total porosity of the moulded
samples ranged between 14.6 and 69.6 %. The lowest porosity is
observed for the sample treated at room temperature (14.6 %). Porosity
increased up to 400 °C because of organic compounds being removed
from the AAM. An increase in pores size (2-10 pm) was observed as a
consequence of the decomposition of organic binders present in the
mineral wool (GW and SW) and organic material present in the BA. The
results of TG-MS revealed that organic binders in GW and SW started to
decompose into CO3 at around 230 °C. The decomposition and removal
of organic compounds from AAMs continued up to 550 °C (Fig. 5),
meaning that the porosity of the material increased up to 550 °C. In BA,
cellulose, which remained in the ash because of incomplete combustion,
did not react with the alkali; organic materials present in the mineral
wools partially reacted during the mixing of the slurry (which was
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Fig. 14. Pore size distribution in the moulded samples treated at different
elevated temperatures with Ty as the reference temperature.

detected by the release of gases such as NH3 [40], potentially various
organic volatile compounds, and porosity of the AAM without the
introduction of foaming agents). The increase in porosity at 200 °C was
attributed to the dehydration and formation of cracks, and therefore, a
decrease in mechanical strength. At 300 °C and especially at 400 °C, the
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organic material from BA started to combust, giving the material a
higher porosity and even lower mechanical strength. Given that porosity
decreased at 500 °C and the skeletal density increased (Table 5), this is
considered the sintering temperature. However, the mechanical
strengths were still low (Fig. 10) because of the structural changes such
as the formation of additional pores and cracks after dehydration,
release of various gases and total combustion of cellulose. At 600 °C the
porosity increased again because of the slight sample expansion that
more significant at 700 °C. As expected from the inflated structure of the
sample, the total porosity was the highest after treatment at 800 °C, and
it reached a value of 69.6 % accompanied by a significant increase in the
number of pores sized 10-100 pm. This is consistent with the mechanical
properties (Fig. 10); changes in the inner crystalline structure indicated
by the XRD (Fig. 12) and FTIR (Fig. 13) analyses; and the deformation of
the amorphous gel as a consequence of the decomposition of CaCOs, as
shown in Fig. 5, which shows that peaks belonging to CaCOs signifi-
cantly decreased after firing at 800 °C, in agreement with previous re-
ports that the decomposition of CaCOj5 starts at 750 °C [88].

The geometrical density is calculated from the mass and outer di-
mensions of the samples (i.e. the volume) while the bulk density is the
density calculated through MIP measurements, where the volume of the
material is measured as the difference between the total penetrometer
volume and the volume of mercury occupying open pores in the sample
with a diameter less than approximately 1 mm. The skeletal density was
calculated from the density measured by MIP, where the volume is the
bulk volume minus the volume of pores filled by mercury. This density
was close to the real density of the solid part of the material. All values
are listed in Table 5.

3.3.6. SEM micrographs of the thermally treated samples

The thermally treated moulded AAMs are observed in the BSE mode;
micrographs of the polished samples are presented in Fig. 15. SED-EDXS
point analyses of the thermally treated samples are provided in the
Supplementary Material (Text S3 and Table S3). The micrographs show
the presence of unreacted mineral wool fibres that did not dissolve
during alkali activation. The fibres were uniformly distributed and
randomly oriented in the binder matrix, as observed in the fractured Ty
sample (Fig. 15). Some ‘shoots’ are observed as larger particles with a
more rounded shape [89]. Unreacted particles from other precursors are
also present. Microcracks present at Ty indicate a loss of water during
hardening because of pre-treating the sample. Although the samples
cured at room temperature did not exhibit visible cracks, microcracks
may occur as a result of shrinkage. The deformations in the samples
occurred as a competition between thermal expansion (the reaction is
self-enhanced by the temperature rise due to the heat release of the
exothermic reaction caused by the dissolution of the precursors in the
alkaline solution) and autogenous shrinkage [90]. Additional stress
which can contribute to the crack formations can arise from thermal
dilatation (during firing to and cooling down) when samples are exposed
to the elevated temperature. The microstructures at Tg and 200 °C are
similar; however, at 200 °C, cracks are observed due to the dehydration
process. More cracks appeared in the structure because the organic
material decomposed with an increase in temperature, and this led to
the movement of gases in and out of the structure. At 500 °C, the
microstructure significantly changed in comparison to that at Ty, 200,
300 and 400 °C (see the right-hand column in Fig. 15, which shows the
non-polished sample). According to dilatometric studies (Fig. 9), the
samples started to significantly expand at 630 °C, while the micro-
structure started to change at around 500 °C (based on SEM). However,
the XRD analysis did not reveal any differences in the mineralogy of
AAMs at this temperature (Fig. 12). At 600 °C, larger pores were
observed and less unreacted mineral wool fibres were present. GW fi-
bres, which have a melting point of approximately 700 °C [91] started to
melt at approximately 500 °C, and this would have affected the struc-
tural changes (GW fibres can only be exposed to temperatures of 600 °C
for a short period of time and longer periods of exposure to temperatures
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Table 5
Total porosity, skeletal, bulk, and geometrical densities for the moulded samples treated at different elevated temperatures and Ty as the reference sample.
To 200 °C 300 °C 400 °C 500 °C 600 °C 700 °C 800 °C
Total porosity (%) 14.7 19.0 24.0 26.8 21.6 26.8 46.1 69.6
Skeletal density (g cmfs) 2.33 2.39 2.51 2.44 2.59 2.45 2.23 2.41
Bulk density (g cm™3) 1.99 1.94 1.91 1.79 1.77 1.80 1.21 0.73
Geometrical density (g cm™3) 1.92 1.86 1.75 1.69 1.68 1.61 1.01 0.75

<500 °C before the fibre melts [45]). Because GW contains approxi-
mately 16 wt% Na3O, it may act as a fluxing agent [91], decreasing the
sintering temperature. Changes in the AAM network at 700 °C are shown
in Fig. 15. FTIR and XRD (Figs. 12 and 13) did not confirm these
changes; however, the MIP results (increased porosity, Fig. 14) and
mechanical properties (decreased compressive and bending strengths,
Fig. 10) confirmed these changes. These changes were viewed as the
deterioration of the AAM network, whereas non-reacted parts of the
precursors remained intact. However, at 800 °C, a completely different
microstructure was observed, indicating a foamed (expanded) highly
porous material, as proven by the MIP analysis (Fig. 14). In addition to
the complete change in the AAM network, the non-reacted parts of the
precursors were no longer observed.

3.3.7. X-ray computed microtomography of the thermally treated samples

An increase in temperature thermally degrades the samples, and this
is non-destructively monitored using X-ray computed micro-
tomography. Three microstructural properties were determined on the
thermally treated samples (density, porosity, and shrinkage/expansion);
first on the sample cured at room temperature (Ty), and then, on the
thermally treated samples (200, 500, and 800 °C).

The microstructural evolution of the moulded samples is investigated
at elevated temperatures as shown in Fig. 16. The microtomography
results showed that the moulded sample prepared at room temperature
(To) included internal cracks, which widened at elevated temperatures
(200, 500, and 800 °C), leading to significant cracking, spallation, and
the formation of additional pores at 800 °C. This was confirmed by the
MIP and SEM analyses, with the porosity significantly increasing at
800 °C (as shown in Figs. 14 and 15). A crack formed in the middle of the
moulded sample (Tp) with a length of approximately 31 mm in the YZ
cross-section. The 3D volume of the large crack is shown in Fig. 16
(marked in blue) alongside the largest air voids. The volume of the
cracks increased because of elevated temperatures. The volume of air
expands when it is heated, causing tensile stress within the structure,
which forms cracks because of excessive fracture toughness [92].

The size distribution of air voids is extremely uneven, and there are
several unconnected air voids. One representative air void is selected to
demonstrate changes in the volume of air voids at elevated tempera-
tures, as shown in Fig. 17. The equivalent diameter (i.e. 2D is the
diameter of the disk of the same area) and 3D volume (corresponding to
the number of voxels of the object multiplied by the volume of a single
voxel) of such a void were determined at a specific sample location at
different temperatures; the total volume of the selected region of interest
(RO)wasa4 x 4 x 4 mm? block extracted from the whole sample.
Cross-sectional analysis of the ROI showed that the selected air void
(Fig. 17) was relatively well rounded with no sharp corners at the edges;
this indicated that the prepared paste was loose. The diameter (and 3D
volume) of the void was 1.65 mm (2.54 mrn3) at ambient temperature,
1.62 mm (2.23 mm®) at 200 °C, and 1.59 mm (2.08 mm®) at 500 °C. Very
small differences occurred up to 500 °C, indicating a small amount of
shrinkage; however, at 800 °C, the pores were connected to the crack
because of expansion (Fig. 17).

The microstructural fracture phenomena in the 3D-printed samples
were visually compared with those of the moulded samples using
microtomography. The results showed surface damage to the 3D-printed
samples, which was barely visible even at the highest temperature
(800 °C), and internal damage with cracking. This demonstrates the
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effect of interconnected porosity on interfacial cracking and prevents the
crack from extending into the surrounding solids (Fig. 17).

The porosity of 3D-printed samples showed changes in the inner
structure from the time of exposure to elevated temperatures (Fig. 18).
Fig. 18 represent 2D grayscale images and 3D images of the inner
structure with segmented pore space in colour (determined by Material
Statistics module before Labelling module). In addition to the pore size
diameter, porosity of presented pores increases because of elevated
temperatures, from 1.1 % in the Ty sample to 1.3 %, 3.7 %, and 16.5 %
following exposure to 200, 500, and 800 °C, respectively.

The porosity of the moulded samples was determined immediately
after exposure to elevated temperatures. Fig. 19 shows the changes in
porosity; both porosity and pore size diameter increase because of the
elevated temperatures. The porosity increased from 1.2 % at Tg to 1.5 %,
4.8 %, and 30 % at 200, 500 and 800 °C, respectively. Pore size distri-
bution analysis was conducted after determining the change in porosity,
and the number and size of pores in both the Ty sample and those
exposed to 200, 500 and 800 °C were identified. A pore-size distribution
analysis was performed, as shown in Fig. 19. The same trend was
observed in both the moulded and 3D-printed samples, with the T,
sample showing a lower number of pores sized between 56 and 200 pm
in the diameter; the number of pores (as well as their diameter)
increased when the samples were thermally treated at 200, 500, and
800 °C. Some pores were connected in one direction and sometimes
aligned with cracks and fractures, especially in the sample exposed to
the highest temperature. Pore size distribution analysis showed that
pores in the sample exposed to 800 °C were considerably larger than
those in the other samples, with a diameter of over 0.2 mm. Further,
different pore shapes and a unique internal pore structure were also
presented. Fig. 19 shows that the Ty sample and the sample treated at
200 °C has fewer pores between 56 and 200 pm in diameter, whereas an
increase in the number of pores is observed in the samples thermally
treated at 500 and 800 °C (Fig. 19).

Any shrinkage/expansion in the volume of the moulded samples was
determined from the 3D data of the scanned images obtained using X-ray
computed microtomography. The total sample volume obtained after
interactive thresholding was also considered. The average change in
volume after exposure to elevated temperatures was —4.2 % at 200 °C
and —9.4 % at 500 °C, indicating slight shrinkage. However, at 800 °C,
an expansion of 91.5 % was observed, which was also in general
agreement with the dilatometric results. Shrinkage/expansion in the
dimensions and volume of the 3D-printed samples at elevated temper-
atures were similar to those of the moulded samples; however, the
values were slightly lower. Slight shrinkage was seen at the lower
temperatures, with values of —4.1 % and —8.8 % at 200 °C and 500 °C,
respectively, while an expansion of 74.3 % was observed at 800 °C,
which is about 20 % less than that observed in the moulded samples.
Thus, pores in the printed samples exhibit a significant gas-acceptance
volume to avoid a decrease in mechanical strength resulting from the
decomposition of parts of the material at elevated temperatures.

4. Conclusions

This study has revealed significant insights into the potential of an
AAM based on waste mineral wool for 3D printing applications. The
suitability of this AAM was demonstrated through the successful pro-
duction of 3D-printed samples. The key findings and conclusions are as
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Fig. 15. SEM micrographs of the samples at To and after thermal treatment at 200, 300, 400, 500, 600, 700, and 800 °C. The SEM microstructures are 50-times
magnified on the left and 300-times in the middle and on the right-hand side. The samples in the middle and on the left represent a polished sample, whereas
those on the right are fracture samples.
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Fig. 16. Grayscale images in the XY and YZ directions and the 3D images showing the volume of pores and cracks in the moulded samples exposed to elevated
temperatures.

Fig. 18. 2D grayscale images in the XY and YZ directions and the 3D coloured images of the pore volumes (segmented pore space shown in three-dimensions) in the
3D-printed samples exposed to elevated temperatures, as determined by X-ray computed microtomography.
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follows:

- The selection of the mixture for 3D printing based on workability,
viscosity, extrusion, and buildability. By incorporating mineral wool
(SW and GW), along with co-binders such as CAC, Mic, and BA, the
AAM was optimised. The addition of CAC proved accelerating of
material hardening. Despite the challenge posed by increased vis-
cosity upon the addition of BA, this trade-off was mitigated by
improved buildability. Ultimately, the most suitable mixture for 3D
printing was achieved with the incorporation of Mic.

Through the addition of mineral wool and co-binders, the alkali-
activated 3D-printed products exhibited compressive strengths
exceeding 50 MPa after 28 days of curing at Tj.

The exposed moulded and 3D-printed samples to elevated tempera-
tures up to 800 °C showcased their chemical and mineralogical sta-
bility up to 700 °C. However, at 800 °C, new mineralogical phases
emerged, leading to a decrease in the amorphous content from
approximately 86 wt% to 46 wt%.

Dilatometric analysis highlighted the stability of samples up to
around 600 °C. Microtomography, revealing insights into the
microstructure, indicated shrinkage at 500 °C and significant
expansion at 800 °C. Notably, 3D-printed samples demonstrated less
shrinkage and a lower degree of expansion compared to moulded
samples due to the distinctive artificial porosity imparted by the
printing process.

The study highlights the central role of porosity in determining
mechanical strength, regardless of preparation method. While
increased porosity can contribute to lower mechanical strength, it
also serves as a channel for the release of gasses and gives 3D-printed
samples an advantage over their moulded counterparts.

In summary, this investigation offers a novel perspective on the
utilization of waste mineral wool and co-binders in the development of
alkali-activated mixtures for 3D printing. The findings underscore the
robust mechanical performance and thermal stability of these materials,
positioning them as promising candidates for applications requiring
endurance under el